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ABSTRACT 

Nanostructured cluster-assembled metallic films have unique properties that can 

deviate remarkably from their atom-assembled counterparts, making them auspicious 

materials for a wide range of applications in different fields, including but not limited 

to chemoresistive gas sensing, electrochemical devices (lithium-ion batteries, fuel 

cells), memristive electronic devices. In all these cases, the understanding of the 

electrical transport properties of the films and the link with their micro- and 

nanostructure is of fundamental importance. In this context, I present a comparative 

study of the electrical conduction properties in cluster-assembled nanostructured Sn, 

Pt, Ni and W films produced by Supersonic Cluster Beam Deposition (SCBD), 

investigated in-situ during film growth, spanning from insulating phase to percolation 

and three-dimensional growth beyond percolation. Ex-situ morphological 

characterization provided information about the evolution of the nanoparticle 

morphology, microscale growth and oxidation after exposure to air. The investigated 

materials include very low and very high melting point metals, as well as less prone 

and more prone to oxidation ones. 

My research highlights nanoparticle size and coalescence's critical role in the electrical 

conduction behavior at the percolation for the investigated cluster-assembled films. 

Specifically, I have observed that for Sn films, the deposition rate interferes with 

coalescence dynamics at the early stages of the growth. Lower deposition rates favor 

the coalescence of primeval size particles, resulting in enlarged islands and denser 

films. This, in turn, shifts the percolation threshold to a higher thickness with an abrupt 

onset of conductance. Conversely, higher deposition rates promote an advanced 

formation of percolation paths, with the growth of smaller islands and more porous 

structures, leading to an earlier percolation threshold with a more gradual transition 

from insulating to conducting phase. This behavior contrasts with Pt, Ni and W films, 

where coalescence plays a much less significant role at percolation, and particles with 

a smaller size are efficiently formed well-connected paths, achieving percolation at 

reduced thicknesses. 

Following the percolation phase, electrical conduction stabilizes, and film resistivity 

sets at values 2-3 orders of magnitude larger than bulk one for both materials, allegedly 



 xxiii 

due to the nanogranular nature of cluster-assembled films. In this three-dimensional 

growth beyond percolation, resistivity shows an increasing trend with thickness, a 

feature ascribable to the decrease of the density of interconnections between particles 

in the topmost layer during film growth, as expected in ballistic growth. Understanding 

the impact of nanoparticle size and coalescence and its implications on the electrical 

transport of nanostructured metallic films is essential for tailoring the properties and 

optimizing their performance in different applications. 

Additionally, below the percolation threshold, cluster-assembled metallic films exhibit 

nonlinear current-voltage (I-V) characteristics, indicating that quantum tunneling is the 

primary charge transport mechanism across nanoscale gaps. This consistent behavior 

across all studied materials highlights a common conduction mechanism in this regime. 

However, Fowler-Nordheim tunnelling currents were only observed in Sn films, 

highlighting the microstructural differences resulting from coalescence in comparison 

with the high melting point studied materials. 

Preliminary results demonstrate the effectiveness of combining two metals (Sn and Pt) 

for chemoresistive gas sensing applications. Additionally, according to the scientific 

literature, distinct mechanisms of non-linear electrical conduction and conductance 

switching, relevant to neuromorphic applications, were observed in Sn films near the 

percolation threshold, Ni and Pt films beyond the percolation threshold, and WOₓ films. 

The research conducted in this PhD thesis is part of the CLASMARTS project, funded 

by the Luxembourg National Research Fund (FNR) under the 2019 CORE program 

(C19/MS/13685974), led by Principal Investigator E. Barborini, and carried out at the 

Luxembourg Institute of Science and Technology (LIST). During the first year of the 

CLASMARTS project (and of this PhD work), a SCBD prototype system was designed 

and constructed with the support of the prototype team of LIST. I specifically looked 

after the prototype parts dedicated to in-situ electrical conduction measurements, as 

elaborated in Chapter 3. 
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I. FUNDAMENTALS 

CHAPTER 1. INTRODUCTION 

1.1 Electrical conduction in metallic thin films  

Electrical transport in metallic thin films is primarily governed by the motion of 

electrons under an applied electric field. In bulk metals, this process is well described 

by the Drude model, where conduction electrons move freely, interrupted occasionally 

by scattering events with impurities and lattice vibrations (phonons) [1–3]. However, 

as thin films decrease in thickness, especially nanogranular ones, microstructural 

factors such as grain boundaries, grain size, and surface roughness significantly 

influence electron transport, resulting in behavior that deviates from bulk material 

predictions. 

The first significant refinement came with the Fuchs-Sondheimer (FS) model, 

developed to address the impact of surface scattering in thin films. This model 

considers that as film thickness decreases, the likelihood of electron scattering at 

surfaces increases, especially when the thickness approaches or is smaller than the 

electron mean free path [4–6]. The FS model modifies the bulk resistivity by 

incorporating a specularity parameter 𝑝, which describes the nature of electron 

reflections at the surface—specular or diffuse. The model’s equation is given by: 

𝜌 = 𝜌0 [1 +
3

8

𝑙

𝑡
(1 − 𝑝)] (1.1) 

 

where 𝜌0 is the bulk resistivity, 𝑙 is the electron mean free path, 𝑡 is the thickness, and 

𝑝 ranges from 0 (diffuse scattering) to 1 (specular scattering). 
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Namba’s contributions complement the FS model by introducing a correction for 

surface roughness, which further increases scattering as surface roughness increases  

[6,7]. Namba's work demonstrates that in films with significant roughness, electron 

scattering is even more pronounced, leading to further increases in resistivity. The 

impact of both roughness and thickness on resistivity is thus critical for understanding 

the electrical behavior of nanogranular thin films. 

Later, the Mayadas-Shatzkes (MS) model extended the theory to include grain 

boundary scattering, particularly in polycrystalline and nanogranular films. In 

nanogranular films, where the grain size approaches the electron mean free path, grain 

boundaries act as potential barriers to electron flow, leading to increased resistivity. 

The MS model describes how electrons are either scattered or reflected at grain 

boundaries, depending on the grain boundary reflectivity parameter, 𝑅 [1,8]. This 

model is especially relevant for thin films where the grain structure plays a more 

dominant role than in thicker films. 

In nanogranular thin films, additional conduction mechanisms, such as quantum 

tunnelling between grains, become significant. As metallic grains in these films may 

not be fully connected, electron transport depends on tunnelling through barriers, 

adding complexity to the conduction mechanism.  

Percolation theory offers another framework for understanding electron transport in 

nanogranular films. Below a critical threshold of metallic content, the system behaves 

as an insulator due to isolated grains. However, when the metallic content surpasses 

this threshold, continuous conductive paths form, and the film transitions to a 

conductor. This transition is critical for describing the behavior of nanogranular thin 

films, where conduction depends heavily on the formation of percolation networks. 

This will be further discussed in Section 6.1. 

Cluster-assembled films represent a particularly interesting case of nanogranular 

materials for studying electrical transport. These films are characterized by high 

porosity and a large number of grain boundaries, which significantly impact their 

electrical properties [9–11]. One of the most effective methods for producing 
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nanogranular cluster-assembled films is cluster assembly, where atomic clusters are 

deposited with low kinetic energy per atom, preserving their individuality. 

The unique structural and electrical properties of cluster metallic thin films make them 

suitable for a wide range of advanced technological applications, opening up 

possibilities in fields such as electronics, sensors, catalysis, and energy storage, as will 

be discussed next. 

1.2 Applications of Nanogranular Films 

The morphology of nanogranular films plays a crucial role in shaping their electrical 

transport properties, enhancing their versatility for diverse applications such as 

catalysis, sensing, energy storage, and memristive devices. The granular 

microstructure, characterized by distinct grain boundaries and interfaces, directly 

impacts charge transport, offering tunable properties that are often superior to those of 

non-granular materials. This allows nanogranular films to exhibit unique behaviors, 

such as enhanced surface area and tailored conductivity, making them particularly 

advantageous for specialized technological applications. 

One of the primary advantages of nanogranular films is their high surface area-to-

volume ratio. This structural feature enhances interactions at the material's surface, 

making them highly effective in catalysis and sensing applications. For instance, in 

catalysis, the high surface area allows for more active sites, improving the efficiency 

of chemical reactions. The ability to control particle size and composition in 

nanogranular films allows for the fine-tuning of catalytic performance of these films. 

Studies show that this flexibility is crucial for applications in chemical conversion and 

environmental remediation [12,13]. In sensing applications, nanogranular films are 

highly sensitive to environmental changes, such as gas presence or chemical shifts, 

because their nanoscale structure promotes better interaction with analytes [14] . 

In energy storage, the microstructure of nanogranular films plays a pivotal role. The 

granularity shortens the diffusion paths for ions and electrons, facilitating faster charge 

transfer and enhancing energy storage capabilities [15]. Nanostructured materials have 

been integrated into batteries and supercapacitors, offering improved cycling 
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performance and energy densities. Additionally, the films provide structural 

flexibility, which contributes to better mechanical stability during the expansion and 

contraction cycles typical in devices like lithium-ion batteries. 

Furthermore, recent advancements in memristive applications also benefit from the 

microstructure of nanogranular films. The unique microstructure of these films results 

in non-ohmic electrical transport properties with a complex switching behavior, 

making them ideal candidates for memristors and neuromorphic computing devices 

[9,10]. 

1.3 Objectives of the thesis  

Despite the promising applications, several challenges persist in the synthesis and 

integration of nanogranular films. Controlling the microstructure at the nanoscale is 

inherently difficult, and minor variations can significantly impact performance. 

Additionally, a comprehensive understanding of the mechanisms governing electrical 

transport in correlation with the microstructure in these films is necessary to optimize 

their functionality.  

Nanostructured cluster-assembled metallic films have unique properties that can 

deviate remarkably from their atom-assembled counterparts, making them auspicious 

materials for a wide range of applications where microstructure and electrical transport 

are important (as reviewed in previous section). Through a proper experimental setup, 

the correlation between microstructure and electrical transport properties can be 

investigated during the film growth. In this context, Barborini et al. [11] reported a 

clear correlation between microstructure and electrical transport properties in cluster-

assembled films of Fe, Pd, Nb, W, and Mo. More recently, Borghi et al. [10] extended 

this investigation to cluster-assembled Au films, providing further insights into how 

the microstructural features of these materials influence their conductive behaviour. 

This thesis aims to conduct a comparative study of the electrical conduction properties 

of cluster-assembled metallic films (Sn, Ni, Pt, and W) produced by Supersonic 

Cluster Beam Deposition (SCBD). The electrical properties are investigated in-situ 

during film growth, spanning from the insulating phase to percolation and subsequent 
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three-dimensional growth. Ex-situ morphological characterization is employed to 

provided insights into the evolution of nanoparticle morphology, sub-monolayer 

aggregation mechanisms and microscale growth, in correlation with the electrical 

properties. 

Furthermore, in addition to the promising applications mentioned in the previous 

section, the selected materials represent a range of low-to high-melting-point metals 

in which the aggregation mechanism in the sub-monolayer and 3D growth can differ, 

thus affecting their electrical properties.  

 Additionally, from an applicative perspective in chemiresistive gas sensing, this study 

will also explore the experimental production of bimetallic Sn-Pt clusters and their 

film assemblies. 

The thesis is structured as follows, in Chapter 1, I introduce the overall motivation and 

objectives of the research. Chapter 2 provides the scientific background, covering the 

fundamental concepts of clusters, their formation mechanisms, and nanogranular films 

by low-energy cluster beam deposition (LECBD). In Chapter 3, I describe the design 

of the SCBD system I used throughout this work, including the main components, 

sample holder, and the protocols I followed for the deposition process. As well as the 

characteristics of the cluster source employed in this study. 

Chapter 4 details the setup and techniques used for in-situ electrical measurements 

during deposition of the cluster-assembled films, as well as the techniques employed 

for sample characterization in both sub-monolayer and thin-film regimes. Chapter 5 

presents the morphological characterization results, starting with isolated particles and 

progressing to the sub-monolayer 2D regime, which was analyzed using TEM. The 

chapter also explores aggregation mechanisms for both low- and high-melting-point 

materials, as well as the transition to the 3D growth regime, characterized using AFM. 

This chapter concludes with an analysis of oxidation mechanisms affecting isolated 

particles and oxidation analysis of cluster-assembled films. 

In Chapter 6, I present the in-situ electrical transport analysis, in correlation with the 

morphological properties studied in Chapter 5, covering the transition from insulating 
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to the percolation regime, and to the 3D regime. I also analyzed how particle 

coalescence influence the onset of conductance in low melting point materials. 

Additionally, I analyze the electrical behavior near the percolation threshold through 

I-V characteristics, providing more insight into how these systems behave as they 

approach this critical point. 

In Chapter 7, I discuss preliminary results on the production and characterization of 

bimetallic Sn-Pt clusters, as well as the gas-sensing behavior of Sn-Pt cluster-

assembled films. Additionally, preliminary results on memristive properties of films 

near percolation, beyond percolation and metal oxide films will be presented. 

Finally, Chapter 8 summarizes the results of the doctoral dissertation and discusses 

perspectives for future research. 
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CHAPTER 2. SYNTHESIS AND DEPOSITION OF ATOMIC 

CLUSTERS BY GAS PHASE METHODS 

2.1 Atomic clusters 

Atomic clusters and nanoparticles represent a bridge between atoms and bulk 

materials, exhibiting unique properties that differ from both due to their high surface-

to-volume ratios, and distinct electronic structures [16–18]. As illustrated in Figure 2.1 

(a), while atomic clusters generally consist of a small number of atoms (up to a few 

nanometers), and nanoparticles range from a few to hundreds of nanometers, both 

terms are often used interchangeably in the literature, depending on the context. In this 

thesis, the terms "cluster" and "nanoparticle" will be used synonymously to simplify 

discussions unless specific differences are critical to the topic. 

 

Figure 2.1. Size dependent properties of atomic clusters. (a) Categorization of materials 
based on the size scale. Taken from [18]. (b) Relationship between particle size and 
surface atom utilization. Smaller clusters exhibit a higher surface-to-volume ratio, 
enhancing their catalytic and reactive properties. Taken from [19]. 

The high surface atom exposure, as shown in Figure 2.1 (b), is a defining feature of 

atomic clusters. Smaller clusters have a significantly higher surface atom ratio, 

enhancing their reactivity and catalytic activity [19,20]. This trend of surface-to-

volume ratio decreasing with increasing particle size underlines the importance of 

controlling nanoparticle size for various applications, such as catalysis and sensors 

[21].  
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The synthesis of clusters can be achieved using several methods; among these, 

advances in gas-phase techniques provide precise control over the size, structure, and 

composition of clusters, enabling the fine-tuning of these characteristics [22]. While 

atomic clusters can be studied as isolated systems, their integration into cluster-

assembled films has emerged as a significant area of research [23]. These films formed 

by the soft assembly of clusters, preserve many of the size-dependent properties of 

individual clusters, allowing for the creation of nanogranular materials with distinctive 

electrical properties, as discussed in CHAPTER 1.  

How to produce atomic clusters and then cluster-assembled films by soft assembly will 

be discussed in the subsequent sections. 

2.2 Mechanism of nanoparticle formation 

The gas-phase aggregation technique is one of the primary physical methods for 

synthesizing nanoparticles, particularly in the context of research and development 

where precision in particle size and composition is crucial. Among the different 

methodologies available for nanoparticle production, the gas aggregation source 

(GAS) has garnered significant attention due to its solvent-free nature and ability to 

generate high-purity nanoparticles without the need for post-synthesis purification. 

A critical aspect governing nanoparticle formation in this process is supersaturation, 

as this creates the necessary conditions for homogeneous nucleation, where small 

clusters of atoms or molecules form spontaneously in the gas phase. Supersaturation 

is defined as the ratio of the actual vapor pressure of the evaporated material to its 

equilibrium vapor pressure at a given temperature. It acts as the driving force for 

nucleation and the subsequent condensation of nanoparticles (Figure 2.2). When the 

system is in equilibrium (i.e., supersaturation ratio 𝑆 = 1), the gas-phase atoms remain 

in a steady state with no tendency to nucleate. However, when 𝑆 > 1, the system 

becomes supersaturated, leading to favorable conditions for nucleation and 

nanoparticle growth. The degree of supersaturation affects not only the rate of 

nucleation but also the size and uniformity of the nanoparticles. 
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A sufficiently high supersaturation (𝑆 ≫ 1) is required to ensure rapid nucleation and 

efficient growth of nanoparticles. Additionally, the presence of a buffer gas, such as 

argon, helps to regulate the energy dissipation within the system, facilitating controlled 

particle growth and preventing uncontrolled aggregation. The following sections will 

detail the key steps involved in the nanoparticle formation process in GAS. 

 

Figure 2.2: Schematic representation of nanoparticle formation in the gas phase under 
different supersaturation conditions. In a real gas at equilibrium (S=1), no nucleation 
occurs, and atoms remain independent in the gas phase. In a supersaturated vapor 
without buffer gas (S>1), nucleation begins, leading to the formation of critical nuclei 
(𝑅∗) and subsequent growth of nanoparticles. (c) In a highly supersaturated vapor 
(S>>1) with the presence of a buffer gas, the formation of stable nuclei is enhanced, and 
the buffer gas helps in controlling energy dissipation, leading to a more controlled 
growth, coagulation (Step 4), and sintering (Step 5) of compact nanoparticle aggregates. 
Taken from [24]. 

The synthesis and deposition of nanoparticles via gas-phase aggregation follows a 

complex process that can be summarized in 6 steps [24]: 

Step 1: Vaporization: The process begins with the vaporization of the target material, 

which is typically achieved through techniques such as laser ablation, magnetron 

sputtering, or thermal evaporation.  The aim is to produce individual atoms or ions of 

the material in a vapor form, where they are free to move and interact in the gas 

medium. 
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Step 2: Homogeneous nucleation: Once the metal atoms are in the gas phase, 

nucleation occurs. Nucleation is the process where individual atoms begin to cluster 

together to form a "seed. This process is typically described by a three-body collision 

between two metal atoms (M) and a working gas atom (Ar, for instance). The role of 

the argon atom is to remove excess energy from the system, facilitating the 

stabilization of the newly formed metal dimer. The equation for this process is: 

𝑀 + 𝑀 + 𝐴𝑟 → 𝑀2 + 𝐴𝑟 (2.1) 

Where the argon atom removes excess energy, allowing the dimer (𝑀2) to stabilize. 

As nucleation progresses, a critical-sized cluster 𝑅∗ forms. If the cluster reaches this 

critical size, it becomes thermodynamically stable and can continue to grow. The 

critical size depends on the supersaturation ratio, as higher supersaturation values 

allow smaller clusters to stabilize. 

Step 3: Condensation: After nucleation, the clusters grow through the condensation of 

additional atoms onto the stable nuclei. The classical nucleation theory helps describe 

this process, suggesting that growth occurs as the system seeks to minimize the free 

energy associated with the cluster's surface and volume. 

∆𝐺 = ∆𝐺𝑠𝑢𝑟𝑓𝑎𝑐𝑒 + ∆𝐺𝑣𝑜𝑙𝑢𝑚𝑒 = 4𝜋𝑅2∆𝑔𝑠𝑢𝑟𝑓𝑎𝑐𝑒 −
4

3
𝜋𝑅3∆𝑔𝑣𝑜𝑙𝑢𝑚𝑒 (2.2) 

Where: 

• ∆𝑔𝑠𝑢𝑟𝑓𝑎𝑐𝑒 is the surface energy per unit area, 

• ∆𝑔𝑣𝑜𝑙𝑢𝑚𝑒 is the volume energy per unit volume, 

• 𝑅 is the radius of the growing particle. 

The critical radius 𝑅∗, at which the cluster becomes stable, is defined by the balance 

of surface tension and supersaturation: 

𝑅∗ =
2𝜎

𝑘𝐵𝑇 𝑙𝑜𝑔 𝑆
(2.3) 
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Once a stable nucleus forms, further condensation of metal atoms causes the particle 

to grow. The supersaturation ratio plays a critical role in determining the rate of 

growth, with higher supersaturation leading to more rapid condensation. 

Step 4: coagulation of nanoparticles: After the formation of stable nuclei, these 

nanoparticles may collide and coagulate. Coagulation is primarily driven by Brownian 

motion, where thermal energy causes particles to move randomly within the gas 

medium. When two nanoparticles collide, they can either form loosely connected 

aggregates or sinter into more compact structures, depending on the energy conditions. 

Coagulation often leads to the formation of larger particle clusters, which may remain 

loosely bound or undergo further densification. The balance between coagulation and 

subsequent sintering determines the final size and morphology of the nanoparticles. 

Step 5: Sintering (formation of compact aggregates): During sintering, loosely bound 

aggregates undergo atomic diffusion, leading to the formation of more compact, dense 

structures. Sintering is the process by which atoms at the surfaces of neighboring 

particles migrate to reduce surface energy, ultimately densifying the nanoparticle 

clusters. 

Sintering is influenced by temperature and the physical properties of the material. 

Higher temperatures increase the rate of diffusion, accelerating the sintering process. 

The final morphology and stability of the nanoparticles are largely determined at this 

stage. 

Step 6: Deposition onto substrates: In the final step, nanoparticles are transported from 

the aggregation zone to the substrate for deposition. 

Supersaturation creates the necessary conditions for homogeneous nucleation, where 

small clusters of atoms or molecules form spontaneously in the gas phase. The degree 

of supersaturation, alongside the presence of a buffer gas, plays a crucial role in 

determining the rate of nucleation, the size of the particles, and the overall morphology 

of the nanoparticle aggregates. A higher supersaturation ratio drives faster nucleation 

and more rapid particle growth, while the introduction of a buffer gas helps dissipate 

excess energy and ensures stable particle formation. Gas-phase aggregation provides 
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several key advantages, including the ability to synthesize high-purity nanoparticles 

without the need for surface ligands or solvents. This method is highly adaptable, 

allowing researchers to control nanoparticle size, composition, and morphology by 

tuning supersaturation levels and introducing buffer gases. 

Among several gas phase aggregation techniques, Supersonic Cluster Beam 

Deposition (SCBD) offers a highly effective approach for producing nanoparticles 

with precise control over size and composition. The introduction of a buffer gas 

improves cluster growth by moderating the collision energy between particles, 

facilitating the formation of larger and more uniform nanoparticles. This stabilization 

is achieved through cooling and reduced kinetic energy during particle aggregation, 

allowing for more efficient growth and less premature agglomeration of particles. Such 

control is fundamental for applications in where particle uniformity and purity are 

paramount as reviewed in Section 1.2. 

 

2.3 Molecular Beam Formation by Adiabatic Expansion 

Before entering into details of supersonic cluster beam deposition, how to create a 

molecular beam will be discussed next. One method to create a molecular beam is to 

use a source or reservoir containing a gas at high pressure and temperature (𝑃0 and 𝑇0 

at the stagnation), a small orifice in the reservoir, and a low-pressure region 

downstream of the orifice, letting molecules in the pressurized cell to escape region of 

lower pressure. If the diameter of the orifice, 𝑑, is significantly smaller than the gas 

mean free path 𝜆 within the reservoir, the flow from the reservoir into the low-pressure 

region exhibits effusive characteristics. Conversely, if 𝑑 is much larger than 𝜆, then 

the orifice acts as a supersonic nozzle or jet [25]. The principle is illustrated in Figure 

2.3. 

The mean free path 𝜆 of the buffer gas in the cell determines the flow regime of the 

outgoing beam. There are two limiting regimes of flow: effusive and supersonic. The 

mean free path is given by: 
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𝜆 =
1

√2𝑛𝜎
(2.4) 

The collision cross-section 𝜎 for two spherical molecules with diameter 𝑑 is given by: 

𝜎 = 𝜋𝑑2 (2.5) 

This cross-section represents the area through which a molecule must pass to collide 

with another molecule. 

The number density 𝑛 of molecules in an ideal gas is derived from the ideal gas law: 

𝑃 = 𝑛𝑘𝐵𝑇 (2.6) 

Where P is the pressure, 𝑘𝐵 is the Boltzmann constant and T is the temperature. 

Substituting the expression for 𝑛 in Eq. 2.4: 

𝜆 =
𝑘𝐵𝑇

√2𝜋𝑑2𝑃
(2.7) 

This equation highlights how 𝜆 increases with temperature and decreases with 

pressure, illustrating the sensitivity of molecular interactions to environmental 

conditions. 

The regime between effusive and supersonic expansion in the context of gas dynamics 

and molecular beam generation can be effectively characterized by the Knudsen 

number (𝐾𝑛). The Knudsen number is a dimensionless quantity that helps to determine 

the flow regime of a gas by comparing the mean free path of its molecules to a 

characteristic physical length scale, such as the diameter of an orifice or nozzle through 

which the gas is expanding: 

𝐾𝑛 =
𝜆

𝑑
(2.8) 
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This dimensionless number categorizes the flow regimes of gases: Effusive and 

supersonic. For comparison, I will briefly review some properties of effusive and 

supersonic beams. 

 

 

Figure 2.3. The diagram compares effusive and supersonic gas flow regimes through a 
small aperture based on the hole diameter (𝑑) relative to the mean free path (𝜆) of gas 
molecules. In an effusive beam, 𝑑 < 𝜆, leading to a broad velocity distribution and a low 
mean forward velocity (red curve). In a supersonic beam, 𝑑 > 𝜆, leading to numerous 
collisions as the gas expands, narrowing the velocity distribution and significantly 
increasing the mean forward velocity (blue curve). Taken from [26]. 

 

2.3.1 Effusive Flow 

In the effusive flow regime, characterized by a Knudsen number greater than one 

(𝐾𝑛 > 1), the mean free path length of the gas molecules is much larger than the 

characteristic dimension of the orifice or nozzle (𝜆 > 𝑑). This condition means that 

gas molecules escape the reservoir into the low-pressure region without significant 

interaction with each other. The lack of collisions in and downstream of the orifice 

means that the velocity distribution of molecules in the resulting beam will be a 

Maxwellian distribution comparable to the reservoir temperature, 𝑇0, prior the 
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expansion. Furthermore, the lack of collisions prevents any redistribution of the 

internal energies (rotational and vibrational) thus preserving the energy distribution 

identical with that in the reservoir. 

For small nozzle sizes typically used, low backing pressures are required for the 

generation of effusive beams. 

 

2.3.2 Supersonic Flow 

In supersonic flow, characterized by a Knudsen number less than 1 (𝐾𝑛 < 1), the 

dynamics of gas expansion from a high-pressure reservoir through a small orifice into 

a vacuum exhibit distinct behavior. By increasing the stagnation pressure of the 

reservoir and decreasing the orifice diameter (λ < d), a molecular beam transitions into 

the supersonic expansion regime. Here, the mean free path of particles within the 

reservoir becomes smaller than the orifice diameter, resulting in numerous collisions 

during the expansion process. When the orifice diameter (d) is significantly larger than 

the mean free path, the escaping molecules experience frequent collisions, causing the 

expansion to be governed by gas dynamic equations similar to those utilized in aircraft 

design. As gas expands from the high-pressure stagnation region into a vacuum, the 

random velocities of gas atoms are diminished by adiabatic expansion, aligning their 

motion direction and speed. This process converts the enthalpy in the stagnation region 

into kinetic energy of the directed mass flow, as well as residual enthalpy, leading to 

a decrease in gas temperature (T) in accordance with the law of conservation of energy. 

This phenomenon is schematically depicted in Figure 2.3 (inset), illustrating the 

supersonic expansion of gas from a nozzle. 

 

2.4 Supersonic Molecular Beams 

In the realm of modern scientific research, supersonic molecular beams have emerged 

as a versatile and powerful tool for investigating the fundamental properties of 

molecules and clusters. These beams, characterized by their high directionality, low 
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internal temperatures, and narrow velocity distributions, have found widespread 

applications in spectroscopy, reaction dynamics, and surface science. This chapter 

delves into the fundamental principles of supersonic molecular beams. 

To generate a supersonic jet, high-pressure gas is expanded through a sonic nozzle into 

a vacuum chamber. The setup includes a reservoir containing the working gas at a high 

pressure 𝑃0 and a stagnation temperature 𝑇0. The nozzle exit opens into a vacuum 

chamber maintained at a lower pressure 𝑃𝑏. The flow is driven by the pressure 

difference (𝑃0 − 𝑃𝑏), achieving supersonic conditions when the pressure ratio 

𝑃0 𝑃𝑏⁄ exceeds a critical value [27,28]: 

(
𝛾 + 1

2
)

𝛾 (𝛾−1)⁄

(2.9) 

where 𝛾 =
𝐶𝑃

𝐶𝑉
  is the ratio between the specific heats at constant pressure and volume. 

For all inert gases, the critical value is about 2, therefore if 𝑃0 𝑃𝑏⁄ > 2 the gas 

expansion proceeds with a supersonic character [29]. 

The supersonic expansion is adiabatic, meaning that no heat is exchanged with the 

surroundings. Consequently, as the gas expands and does work against the background 

pressure, its internal energy decreases, leading to a significant drop in temperature. 

The rapid cooling during supersonic expansion is a key feature that distinguishes 

supersonic molecular beams from effusive beams. The temperature drop is 

accompanied by a decrease in the random thermal motion of the molecules and an 

increase in their directed velocity. This results in a highly directional beam with a 

narrow velocity distribution. 

The Mach number (𝑀), defined as the ratio of the flow velocity (𝑢) to the local speed 

of sound (𝑐), is a critical parameter in characterizing supersonic flow [30]: 

𝑀 =
𝑢

𝑐
(2.10) 

The speed of sound in an ideal gas is related to its temperature (T) and molar mass (m) 

by: 
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𝑐 = √
𝛾𝑃

𝜌
= √

𝛾𝑅𝑇

𝑚
(2.11) 

where 𝑅 is the universal gas constant. 

As the supersonic jet expands further into the vacuum chamber, the flow becomes 

more rarefied, and the frequency of collisions decreases. Eventually, the gas molecules 

reach a region where collisions become negligible. This region, characterized by a 

Mach number 𝑀 > 1, is known as the zone of silence, as depicted in Figure 2.4 [27]. 

In this zone, the gas molecules move freely with a narrow velocity distribution and 

low internal temperatures. 

As the jet interacts with the background gas in the vacuum chamber, it forms 

shockwaves. These are narrow regions where the flow velocity abruptly decreases, and 

the pressure and temperature increase sharply. The diagram illustrates the barrel shock 

and Mach disk shock, which are formed at the boundaries of the zone of silence. The 

Mach disk, the most prominent shockwave, marks the end of the zone of silence and 

the transition to subsonic flow. 

The location of the Mach disk (𝑥𝑀) from the nozzle exit can be estimated using the 

following empirical relation [31]: 

𝑥𝑀 = 0.67𝑑 (
𝑃0

𝑃𝑏
)

1
2

(2.12) 

where 𝑑 is the nozzle diameter. 

During adiabatic expansion, the temperature (T) of a gas decreases as the gas performs 

work on its surroundings, following the principles of energy conservation. As gas 

expands from a high-pressure stagnation region into a vacuum through a small orifice, 

its random molecular velocities decrease, leading to a more uniform speed distribution 

among the gas molecules. The enthalpy in the stagnation region is thus converted into 

kinetic energy of the mass flow and residual enthalpy. The relationship between the 

Mach number and the stagnation to static temperature ratio is described by: 
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𝑇 = 𝑇0 (1 +
𝛾 − 1

2
𝑀2)

−1

(2.13) 

 

In an ideal supersonic expansion, nearly all initial internal energy is converted into 

kinetic energy, making the final beam temperature negligible compared to the initial 

gas reservoir temperature (𝑇 ≪ 𝑇0) [29,32]. The maximum beam velocity (𝑣𝑚𝑎𝑥) of a 

supersonic beam can be expressed as: 

𝑣𝑚𝑎𝑥 = √(
𝛾

𝛾 − 1
)

2𝑘𝑇0

𝑚
(2.14) 

 

This velocity is a function of the initial temperature, adiabatic index, and molecular 

mass. Noble gases typically employed in seeded supersonic nozzle sources, such 

as argon, helium, and neon, can reach maximum velocities of  557.9 𝑚/𝑠 , 

1771.0 𝑚/𝑠 and 784.9 𝑚/𝑠, respectively, under optimal expansion conditions. 

 

 

Figure 2.4: As depicted in the figure, The flow starts from rest with Mach number 𝑀 ≪ 1 
and accelerates towards the nozzle, reaching sonic velocity (𝑀 = 1) at the nozzle given 
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a sufficiently high-pressure gradient. Further acceleration leads to supersonic velocities 
(𝑀 > 1). 

 

The velocity distribution in the diagram show changes in velocity at different points 

along the jet, emphasizing the transition from subsonic to supersonic flow and the 

corresponding effects of shock waves and pressure adaptation. 

 

2.4.1 Supersonic seeded cluster beam 

The formation of a seeded molecular beam begins with the introduction of a small 

quantity of a target species, referred to as the "seed," into a carrier gas. The carrier gas, 

often a light monoatomic gas such as helium or argon, serves as a medium to facilitate 

the controlled expansion and cooling of the seed molecules as the gas mixture is 

expelled through a supersonic nozzle. This expansion process is central to defining the 

properties of the resulting molecular beam, particularly in applications related to 

atomic clusters [33,34]. 

During supersonic expansion, the gas mixture undergoes rapid adiabatic cooling, and 

this cooling is transferred to the seed molecules. This process significantly reduces the 

rotational and vibrational energy levels of the seed molecules, producing a beam with 

a high degree of translational energy while simultaneously achieving rotational cooling 

and alignment. The velocity of the molecules in the beam is influenced by a 

phenomenon known as "velocity slip," where the heavier seed molecules, through 

collisions with the faster carrier gas molecules, are accelerated to velocities 

approaching those of the carrier gas. This results in a narrow velocity distribution, 

which is essential for precise experimental control. 
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Figure 2.5. Classical depiction of acceleration, rotational cooling, and alignment in a 
supersonic expansion: A diatomic molecule (seed species) initially rotates randomly 
with respect to the flight direction 𝒗 (Stage I). The molecule experiences multiple 
collisions with lighter atoms of a monoatomic carrier gas (e.g., helium or argon), leading 
to changes in its rotational angular momentum 𝑲 and helicity 𝑴 (the projection of 𝑲 
along 𝒗). Collisions with small impact parameters (e.g., atoms 3 and 4) increase the seed 
molecule’s translational velocity and reduce its rotational energy. Collisions with 
intermediate impact parameters (e.g., atoms 2 and 5) decrease the helicity 𝑴 by bending 
the rotational plane. Larger impact parameter collisions (e.g., atoms 1 and 6) primarily 
deflect the molecule elastically without significantly altering its state. After sufficient 
collisions (Stage III), the seed molecules are left with minimal rotation, and the angular 
momentum vector 𝑲 is uniformly distributed in a plane orthogonal to the velocity vector 
𝒗, signifying complete rotational cooling and alignment. Taken from [34]. 

 

Figure 2.5 shows a classical representation of this process. Initially, a diatomic 

molecule (representing the seed) is randomly oriented with respect to the flight 

direction 𝒗 (Stage I). The rotational angular momentum vector 𝑲 and its projection 

along 𝑣, denoted as the helicity 𝑀, describe the rotational state of the molecule. As the 

expansion begins, the seed molecule experiences multiple collisions with the lighter 

carrier gas atoms [34]. 

These collisions vary in impact parameter 𝑏, influencing the rotational and 

translational dynamics of the seed molecule. Collisions with small impact parameters 

(e.g., by atoms 3 and 4 in the figure) are particularly effective in increasing the 

translational velocity 𝒗 of the seed molecule, thus contributing to the overall kinetic 

energy of the beam. These collisions also play a role in modifying the helicity 𝑀, with 

a tendency to reduce it as the rotational plane of the molecule aligns closer to the flight 

direction 𝒗 (Stage II). 
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Intermediate collisions (e.g., by atoms 2 and 5) may bend the rotational plane of the 

seed molecule, leading to a gradual decrease in 𝑀. The progressive reduction in 

helicity is indicative of rotational cooling, where the molecule transitions from a high-

energy rotational state to a lower-energy state, becoming increasingly aligned with the 

beam direction. 

As the expansion continues, collisions with larger impact parameters (e.g., by atoms 1 

and 6) become more elastic, meaning they primarily deflect the molecule without 

significantly altering its velocity or rotational state. This stage of the process (Figure 

2.5,  Stage III), illustrates how the seed molecules, after undergoing multiple 

collisions, reach a state of minimal rotation with low helicity 𝑀. In this state, the 

rotational angular momentum vector 𝑲 is distributed uniformly in a plane orthogonal 

to the velocity vector 𝒗. 

The ability to achieve this state through careful control of the seeding and expansion 

process underpins the versatility and utility of seeded molecular beams in materials 

science, especially in the precise study and manipulation of atomic clusters. 

By leveraging the properties of supersonic seeded beams, researchers have employed 

this technique for the production of atomic clusters with precise control over their size 

and energy characteristics. Various physical methods have been developed to produce 

the seed species used in these beams, including laser ablation and sputtering 

techniques. These approaches allow for the generation of a wide range of clusters, from 

simple metal clusters to more complex nanostructures. The next section will review 

cluster beam deposition (CBD) technique and the most common physical methods to 

produce the seeded species. 

2.4.2 Pulsed supersonic beams 

Pulsed supersonic beams have become a powerful implement in the field of molecular 

physics and chemistry, providing a method to produce highly collimated and internally 

cold molecular beams. This technique involves the rapid expansion of a high-pressure 

gas through a nozzle into a vacuum chamber, where the pulsed nature of the gas flow 

offers significant advantages over continuous supersonic beams. 
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The development of pulsed supersonic beams can be traced back to the early 1970s. 

Pioneering work by various research groups, including the significant contributions of 

Richard E. Smalley [35] and his colleagues in combining pulsed valves with laser 

vaporization, have led to advancements in supersonic seeded beams. These 

advancements were pivotal in enhancing the intensity and cooling of molecular beams, 

providing a foundation for their application in cluster beam deposition. 

The generation of pulsed supersonic beams involves the use of specialized pulsed 

valves, such as the Even-Lavie valve. These valves operate by rapidly opening and 

closing, allowing controlled bursts of high-pressure gas to expand through a nozzle 

into a vacuum chamber. The General Valve Series 9 is another widely used device, 

which employs a solenoid to drive a Teflon cylinder with a conical tip, allowing the 

gas to expand through the nozzle.  

The typical setup involves a pulsed valve connected to a high-pressure gas reservoir. 

Upon activation, the valve opens briefly (25–100 microseconds), allowing a controlled 

amount of gas to expand supersonically through a nozzle into the vacuum chamber. 

This rapid expansion results in a highly collimated beam with significantly reduced 

internal temperatures, which is critical for the formation of clusters. 

Pulsed supersonic beams offer several distinct advantages over their continuous 

counterparts: 

1. Enhanced Control Pulsed supersonic beams offer exceptional control over the 

duration and frequency of gas pulses, enabling precise synchronization with other 

experimental components such as lasers, detectors, magnetic fields, and electrical 

fields. This precise timing is crucial in cluster beam deposition, where the 

coordination of gas pulses with sputtering processes, induced by electrical 

discharges, can enhance the production and control of atomic clusters. The ability 

to fine-tune pulse parameters ensures optimized interaction between the beam and 

other experimental setups, leading to more reliable and reproducible results in 

complex experiments. 

2. Reduced Background Pressure: Pulsed operation significantly reduces the 

background pressure in the vacuum chamber compared to continuous beams. This 
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is because the gas is introduced intermittently, allowing the vacuum pumps more 

time to evacuate the chamber between pulses, which can be important for the 

successful deposition of high-quality cluster assembled thin films. 

3. High Intensity and Cooling: Although continuous beams can also achieve very 

low temperatures through careful design and operation, the rapid expansion of gas 

in pulsed supersonic beams leads to the formation of high-intensity beams with 

exceptionally low internal temperatures. These conditions are ideal for the 

production of atomic clusters with controlled size and shape.  

By leveraging the precise control and high intensity offered by pulsed supersonic 

beams, Pulsed Microplasma cluster source (PMCS) has emerged as a versatile tool for 

the synthesis of diverse nanostructured materials. The combination of pulsed gas 

injection, electrical discharge, and supersonic expansion in PMCS allows for efficient 

generation of cluster-seeded supersonic beams with tailored properties. The PMCS 

used in this study will be discussed in Section 2.5.2.3. 

 

2.5 Nanogranular films by cluster beam deposition 

Cluster beam deposition (CBD) is a vacuum-based technique that relies on gas 

expansion to transport particles. These particles are carried in an inert gas through an 

orifice or nozzle, expanding into a beam that can be deposited onto various substrates. 

CBD has emerged as a versatile method for fabricating nanostructured and 

nanocomposite films, enabling precise control over cluster kinetics and leading to the 

development of advanced material properties. 

This bottom-up approach to nanomaterial synthesis is rooted in the mechanisms of 

gas-phase particle synthesis, similar to those observed in aerosol synthesis and 

nanoparticle production. Clusters are built from individual atoms or molecules, with 

cluster embryos through physical means like condensation of a supersaturated vapor 

or through chemical reactions of gaseous precursors. 
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The roots of CBD trace back to gas aggregation techniques, a method employed since 

the 1930s. The first documented use of this technique was to produce a film of bismuth 

particles to serve as an optical filter. By the 1970s and 1980s, the concept underwent 

further exploration. The first beams of nanoscale clusters were produced during this 

time, initially focusing on noble-gas clusters, by Raoult and Farges [36] and later 

expanding to metallic clusters. Researchers like Hogg and Silbernagel, Sattler et al., 

Frank et al., and Takagi et al. explored metal evaporation in inert gas atmospheres. 

Notably, a 1976 review by Granqvist and Buhrmann significantly contributed to the 

analysis of the aggregation process of metallic clusters [37,38]. This review 

highlighted the mechanisms of nanoparticle formation and the potential applications 

of these materials. Nanoparticle synthesis via gas aggregation typically involves a 

vapor source within a vacuum chamber filled with an inert gas, such as argon or 

helium. Initial experiments employed resistive filament vapor sources; however, 

advancements have introduced thermal evaporation, sputtering, electron beam, and 

laser-based methods. Each technique presents distinct advantages and limitations, 

underscoring the versatility of cluster beam deposition (CBD) in materials research 

and development. 

The kinetic energy of the deposited clusters plays a crucial role in determining the 

morphology and properties of the resulting films. As illustrated in Figure 2.6, based 

on the kinetic energy of the impinging clusters, CBD can be classified into three 

distinct regimes [22,39]: 

Low energy (0.1-1 eV/atom): At this precise range, CBD facilitates the deposition of 

clusters without significant fragmentation. This preservation of structural integrity is 

due to the soft-landing collision on the substrate. The result is the formation of 

dendritic films, characterized by their large surface areas, akin to light-absorbing black 

films. Additionally, the film possesses less than one half of the bulk density, a 

significant outcome of this process. 

Medium Energy (1-10 eV/atom): In this energy range, the cluster are deformed upon 

impact, leading to the formation of denser films with minimal cavities. These films 

achieve densities close to 80% of the bulk.  
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High Energy (>10 eV/atom): At high energies, the 'meteoric impact ', a metaphorical 

term used to describe the intense collision of clusters, the original cluster shape is 

destroyed upon impact. These clusters contribute to the formation of dense, almost 

bulk-density films, which are mirror-like and exhibit highly ordered and smooth 

surfaces.  

 

Figure 2.6: Molecular dynamics simulations illustrating the impact of molybdenum 
clusters (each containing 1043 atoms) onto a Mo (001) substrate at varying kinetic 
energies. The simulations reveal that low-energy impacts result in porous structures 
with clusters remaining largely intact, while high-energy impacts lead to the formation 
of smooth, compact films. Taken from [40].  

In this context, CBD offers some unique possibilities for the control of the free incident 

clusters before deposition. A key example is Low Energy Cluster Beam Deposition 

(LECBD) which has emerged as a fundamental technique, enabling the formation of 

functional cluster-assembled nanostructured porous films. This is achieved by softly 

depositing clusters onto a substrate, ensuring they retain their structure and properties.   

2.5.1 Low energy cluster beam deposition (LECBD) 
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LECBD is a sophisticated technique that focuses on the deposition of neutral clusters 

with very-low-energy per atom, produced in inert-gas condensation sources. This 

method is noted for its potential to finely control both the clusters in the gas phase and 

the deposition conditions. It is particularly advantageous for the production and 

deposition of nanoparticles in the 1-10 nm size range. 

LECBD allows for the deposition of clusters with minimal energy transfer, typically 

around 0.1 eV/atom. This "soft landing" preserves the inherent structure of the free 

clusters, allowing them to act as building blocks in forming highly porous 

nanostructured materials.  

The formation of nanoparticles involves complex processes where the physical 

conditions can greatly affect the size and properties of the resulting particles. One 

common method is the generation of a material vapor in a flow of inert gas, leading to 

supersaturation and subsequent condensation into nanoparticles. The conditions within 

the source, such as the supersaturation ratio, temperature, and pressure, play critical 

roles in determining the size distribution of these nanoparticles. 

Various mechanisms are employed to eject material from the target in cluster sources, 

each with its own advantages and suitability depending on the type of material and the 

desired properties of the nanoparticles. Some of the main techniques used to produced 

atomic clusters will be reviewed next. 

 

2.5.2 Low energy cluster sources 

2.5.2.1 Laser vaporization cluster source 

Laser Vaporization Cluster sources (LVCS) are considered as an advanced option for 

producing nanoparticles by rapidly vaporizing materials, even refractory 

materials. This technique, initially developed by R. Smalley [35] and his team, 

produces cold beams of clusters by quickly cooling the vaporized material through 

supersonic expansion. A key feature of this process is the synchronized operation of a 
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pulsed valve with a laser, which reduces the amount of carrier gas needed and allows 

for a more compact vacuum chamber design. 

In typical LVCS setups (as illustrated in Figure 2.7), the process begins with the 

targeting of a material (rod or disk), using a high-powered laser, usually an Nd:YAG 

laser, which is capable of delivering pulses typically ranging from 30 to 100 

𝑚𝐽/𝑝𝑢𝑙𝑠𝑒 depending the material [41–43]. The nanosecond laser pulses create a 

plasma contained within a small volume above the target, ensuring rapid and intense 

heating and vaporization of the target material. Following the vaporization phase, the 

vaporized material is synchronized with a pulse of inert gas flow (e.g., helium or 

argon), introduced at pressures of 5-9 bar some hundred microseconds before ablation. 

This gas rapidly thermalizes the vapor, leading to the condensation of the vapor into 

clusters. The gas then undergoes supersonic expansion which takes place at the exit of 

the source in the vacuum chamber through a typically 1 mm-diam nozzle, leading to 

produce cold beams of clusters [35,44].  

Several variables influence the effectiveness of nanoparticle synthesis in LVCS. These 

include the plasma composition above the target, the choice of expansion gas, and its 

backing pressure. The timing of the gas pulse in relation to the laser pulse is 

particularly critical, as it affects the average gas pressure during the vaporization 

phase, thereby influencing the cooling rate and the subsequent condensation of the 

vapor into nanoparticles. This precise control over the conditions within the deposition 

process allows for the fine-tuning of nanoparticle size and distribution [45]. 

Furthermore, recent research has extended the utility of LVCS to the synthesis of 

mixed-metal clusters by a dual-target dual-laser vaporization source [46], opening new 

avenues for the creation of complex nanostructures with novel properties.  
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Figure 2.7: Schematic of a Laser Vaporization Cluster Source Setup. This figure 

illustrates the typical setup for a LVCS operation. It features a high-power laser 

directed at a target material, with a carrier gas inlet and a supersonic nozzle aligned 

with the vaporization site. Taken from [45].  

 

2.5.2.2 Magnetron sputtering cluster source 

Magnetron sputtering is a plasma-based technology where the process occurs inside a 

vacuum chamber. In this process, a target material, often a metal or alloy such as gold, 

silver, or titanium, is sputtered by the application of a high-voltage electric field, 

creating a plasma of an inert gas (typically Argon). The presence of a magnetic field 

perpendicular to the electric field increases the efficiency of the ion bombardment 

process, enhancing the sputtering rate due to longer ionization paths. 

The combination of magnetron sputtering technique with gas condensation was 

reported in 1986 [47] and then further developed by Haberland and co-workers [48] . 

In gas phase aggregation sources, magnetron sputtering facilitates the formation of 

nanoparticles through the condensation of vaporized atoms in a controlled 

environment. The sputtered atoms ejected from the target material migrate through the 
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inert gas atmosphere and begin to lose energy. Upon reaching supersaturation, these 

atoms aggregate to form clusters, leading to nanoparticle formation. The process 

parameters, such as gas pressure, flow rate, and substrate temperature, play critical 

roles in determining the size, distribution, and morphology of the resulting 

nanoparticles. 

 

Figure 2.8. Schematic of a cluster beam deposition system integrating a magnetron 
sputtering cluster source. Taken from [49]. 

2.5.2.3 Pulsed Microplasma Cluster Source (PMCS) 

The pulsed microplasma cluster source (PMCS) is a versatile tool for producing 

nanoparticles with high efficiency and control. It combines elements of sputtering 

sources and laser vaporization cluster sources (LVCSs) to overcome the limitations of 

each [50]. PMCS offers several advantages, including high flexibility in terms of the 

materials it can process and the ability to produce solvent-free nanoparticles in a 

vacuum environment [23]. The operational process of PMCS, like most cluster 

sources, comprises three stages. Initially, the target material is vaporized, followed by 

the thermalization of the vaporized material with the noble gas to form clusters, and 

finally, the resulting mixture is expelled from the source. 

The PMCS is composed of a ceramic body with a channel drilled through it, 

intersecting a larger cylindrical cavity perpendicularly. The target rod, which acts as a 

cathode, is held within this channel and connected to the negative pole of a high-

voltage power supply. The anode can be positioned within the cavity or opposite the 

cathode through the channel. In this PMCS prototype, the anode is located at the 
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nozzle. A solenoid pulsed valve, responsible for introducing inert carrier gas, is 

situated on one side of the cavity, while a nozzle is located on the opposite wall. 

The valve, backed with a high gas pressure (typically up to 50 bars), releases brief 

pulses into the source cavity, with opening durations of approximately 200-300 

microseconds. Upon valve opening, the substantial pressure differential generates a 

supersonic gas jet directed toward the cathode. A pulsed voltage of about 50 μs is 

applied across the electrodes, ionizing the gas to produce plasma. This plasma 

accelerates toward the cathode, where it ablates material that subsequently thermalizes 

and condenses to form clusters. The intense pressure gradient near the cathode surface 

creates aerodynamic confinement of the plasma within the source cavity, focusing the 

sputtering process to a cathode area of less than 1 mm2, as confirmed by computational 

fluid dynamics simulations [51].Given the source cavity volume of approximately 2 

cm3 the internal pressure rises rapidly following each pulse. The pressure difference 

across the nozzle then propels the aerosol into the adjacent expansion chamber as a 

supersonic beam. 

PMCS offers several advantages over other cluster sources. Its ability to confine the 

ablation plasma allows for efficient material vaporization and precise control over 

cluster growth. The pulsed nature of the process also contributes to its stability and 

reproducibility [52,53] . The size and morphology of the nanoparticles produced by 

PMCS can be controlled by adjusting various parameters during the synthesis process, 

such as the type and pressure of the inert gas, the discharge voltage and duration, and 

the geometry of the source cavity and nozzle. 
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Figure 2.9. Operating principle of Pulsed Microplasma Cluster Source (PMCS). a) a pulse 
of inert gas is injected into the ceramic source body by a solenoid valve; b) a high-voltage 
is applied to a pair of electrodes, where the cathode is made of the material of interest 
(vertical bar) and the anode is the source nozzle, in order to ignite a pulsed electrical 
discharge; c) atoms are removed from the cathode by ion sputtering and afterwards they 
thermalize into the inert gas and aggregate in form of atomic clusters; d) driven by the 
pressure difference between the inner of the source and the vacuum deposition chamber, 
which the source is exposed to through a nozzle, a gas expansion takes place, carrying 
the atomic aggregates out of the source within a supersonic molecular beam. 
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II. EXPERIMENTAL FRAMEWORK AND 

METHODOLOGIES 

CHAPTER 3. SUPERSONIC CLUSTER BEAM DEPOSITION 

PROTOTYPE  

 

3.1 General design  

3.1.1 Main prototype parts  

During the first year of this PhD work, Supersonic Cluster Beam Deposition (SCBD) 

technique was introduced and established at the Luxembourg Institute of Science and 

Technology (LIST), designed and constructed with the support of the prototype team 

of LIST. My contributions involved assembling the vacuum system, designing the 

substrate holder, and implementing the setup for in-situ electrical and thickness 

measurements. Additionally, I was involved in designing deposition protocols within 

the graphical user interface (GUI) and participating in the testing of the prototype.  

The SCBD system integrates a Pulsed Microplasma Cluster Source (PMCS) directly 

coupled to a combined expansion and deposition chamber. This design simplifies the 

apparatus by allowing the supersonic expansion of the cluster beam and its subsequent 

deposition to occur within the same chamber, thereby reducing system complexity.  

The SCBD system comprises five main components, that will be discussed in 

subsequent sections: 

Vacuum System: This system includes the vacuum chamber and a two-stage pumping 

configuration. The vacuum chamber maintains the ultra-high vacuum (UHV) 

environment necessary for high-purity deposition. The pumping system consists of a 

dry pump for achieving rough vacuum levels and a turbo pump to achieve and sustain 

UHV conditions (10-7 mbar). 
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Graphical User Interface (GUI): The GUI provides centralized control and monitoring, 

allowing real-time adjustments to parameters such as vacuum pressure and substrate 

positioning. The GUI also allows the recording of measurement protocols such as 

thickness by QCM, electrical measurements, time and pressure. 

Cluster Source: The PMCS is employed to produce atomic clusters and is coupled to 

the vacuum chamber. The source includes a pulsed valve for precise gas input, a power 

supply to regulate voltage discharge, and aerodynamic lenses that filter and collimate 

the cluster beam for focused deposition. 

Deposition Chamber: Serving as both the expansion and deposition area, the chamber 

houses the sample holder and manipulators for precise substrate positioning, 

facilitating customizable film deposition patterns and thickness control under UHV 

conditions. 

3.1.2 Vacuum system 

The SCBD prototype was assembled using a Kurt J. Lesker standard box vacuum 

chamber, built from 304 stainless steel with an aluminum door, ensuring a clean and 

durable environment suitable for high and ultra-high vacuum (UHV) conditions. The 

door is sealed with an FKM O-ring fitted into a dovetail groove, providing an effective 

vacuum seal essential for maintaining UHV. A rectangular viewport on the door allows 

for visual monitoring while maintaining UHV conditions. 

A two-stage vacuum pumping system was installed to ensure optimal operating 

conditions. The initial vacuum was achieved using a Leybold ECODRY 35 plus dry 

pump, capable of delivering 35 m³/h to establish a rough vacuum. Subsequently, a 

Leybold MAG W 1300 iP turbo pump, with a pumping speed of 1300 l/s, escalates the 

vacuum to UHV levels down to 10⁻⁷ mbar. This dual-stage approach minimizes 

residual gas presence, essential for high-purity cluster deposition.  

The chamber is equipped with a rectangular viewport and multiple feedthroughs, 

accommodating the integration of pressure gauges, gas inlets and other 

instrumentation. These components are essential for real-time monitoring and control 

during the deposition process, ensuring precise manipulation of internal conditions. 
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Figure 3.1. Rendering of the SCBD, illustrating the main components, including stainless 
steel vacuum chamber, two-stage vacuum pumping, cluster source, pulsed gas inlet, 
aerodynamic lenses, and a motorized substrate manipulator.  

 

3.1.3 Graphical user interface (GUI) 

The system’s graphical user interface (GUI) serves as a control platform, enabling 

management and monitoring of the cluster beam deposition process. Key features 

include: 

Monitoring Pumping Sequences: The GUI allows precise control over the pumping 

sequences, including automated venting and pumping cycles, ensuring safe and 

effective chamber pressure monitoring. 

Rastering Protocols for Deposition: The interface enables programming of rastering 

patterns for substrate coverage, allowing users to define specific deposition areas and 

scan speeds. This feature is important for achieving uniform film thickness and desired 

coverage area. Additionally, the GUI allows users to record measurement protocols, 

including thickness by QCM, electrical measurements, and both time and pressure 

data, into a file. 

Motor Control: The GUI provides detailed motor control for the motorized substrate 

manipulator, allowing for precise adjustments in substrate position and rotation for 
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deposition monitoring. This also enables accurate alignment and movement of the 

substrate relative to the cluster beam during deposition. 

Turbo Pump Monitoring: Real-time monitoring of the turbo pump's parameters, such 

as rotational speed, temperature, and pressure levels, is available through the GUI.  

Maintenance Protocols: The GUI includes a maintenance protocol that blocks the 

operation power supply. Also, a source venting protocol is included for the 

maintenance and replacement of a new precursor material. 
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Figure 3.2. Screenshots of the main protocols included in the GUI or the SCBD system, 
providing control and monitoring over vacuum levels, substrate positioning and 
rastering protocols, maintenance protocols and real-time monitoring and data recording 
of thickness by QCM and current by electrometer. Screenshots of the Graphical User 
Interface (GUI) SCBD system, illustrating control and monitoring capabilities over 
vacuum levels, substrate positioning and rastering protocols, maintenance protocols, 
and real-time data recording of film thickness by QCM and current measurements using 
an electrometer. 

 

3.2 Cluster Source 

3.2.1 PMCS design 
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The Plasma Microplasma Cluster Source (PMCS) used in this thesis was designed to 

enable controlled production of atomic clusters by leveraging plasma ablation and 

supersonic expansion techniques, as detailed in Section 2.5.2.3 and previous studies. 

The primary components of the PMCS, as illustrated in Figure 3.3 and Figure 3.4, 

include: 

High-Pressure Gas Inlet and Pulsed Valve: This assembly introduces inert gas (e.g., 

helium or argon) into the source cavity at pressures up to 50 bars. The pulsed valve 

operates with opening durations of approximately 200–300 microseconds, allowing 

precise control over gas pulses. 

Source Cavity: A confined chamber (~2cm3) where the injected gas forms a 

supersonic jet directed toward the cathode. The cavity's design ensures efficient gas 

flow and plasma formation. 

Cathode and Anode Electrodes: The cathode, composed of the target material for 

cluster formation, and the anode are positioned within the source cavity. A pulsed 

voltage (typically 50 μs) applied between these electrodes ionizes the gas, generating 

plasma that ablates material from the cathode. 

Nozzle: Located at the exit of the source cavity, the nozzle facilitates the supersonic 

expansion of the gas and ablated material into the expansion chamber. The nozzle's 

geometry is critical for controlling the cluster beam's characteristics. An aerodynamic 

lens system is employed to filter and focus the cluster beam, enhancing deposition 

precision on substrates. 
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Figure 3.3. Schematic of the Pulsed Microplasma Cluster Source (PMCS) used for cluster 
production during my PhD work, illustrating its key components: (1) high-pressure gas 
inlet and pulsed valve for precise gas delivery; (2) source cavity where gas ionization 
and plasma generation occur; (3) cathode and anode electrodes; and (4) nozzle enabling 
supersonic expansion of the gas and ablated material Adapted from  [50]. 

 

 

Figure 3.4. Detail of the PMCS (sectioned).  Solenoid pulsed valve for gas injection; 
cathode (precursor material); cluster condensation cavity drilled in the ceramic body of 
the source; Source nozzle;  aerodynamic lens system; water-cooling system. 
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3.2.2 Pulsed valve 

In the PMCS, the solenoid-operated pulsed valve (General Valve Series 9) plays a 

critical role in controlling the precise delivery of inert gas into the condensation 

chamber. The valve is backed by a high-pressure gas supply (typically up to 50 bar), 

and its controlled bursts of gas create a supersonic jet that facilitates the rapid 

vaporization of the material in a well localized area of the cathode. 

The valve, schematically shown in Figure 3.5, operates via electromagnetic actuation: 

when the coil assembly is energized, it generates a magnetic field that lifts the armature 

assembly and poppet, allowing gas flow into the chamber. Synchronization with the 

plasma discharge ensures precise timing of gas injection, which is essential for creating 

the optimal conditions for cluster formation. Once the coil is de-energized, the main 

spring and buffer spring return the poppet to its closed position, sealing the valve and 

stopping the gas flow. 

Typical pulse durations range from a few hundred microseconds, carefully timed to 

synchronize with the electrical discharge. The pulse frequency, often set between 1 

and 10 Hz, governs the rate of gas injection and cluster production. The O-ring ensures 

a tight seal, preventing gas leakage, while the stainless-steel construction allows the 

valve to withstand the high pressures and temperatures common in PMCS 

environments. 
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Figure 3.5. Cross-sectional diagram of the solenoid-operated pulsed valve used in the 
PMCS. The solenoid energizes to lift the poppet, allowing inert gas flow for precise 
control in cluster formation processes. 

 

3.2.3 Power supply  

The PMCS power supply (Figure 3.6) was designed to deliver controlled, high-voltage 

(500-800V) pulses for plasma generation. The power supply operates with resistors 

R1 (1 Ω, 1–2 kW) and R2 (5–10x R1, 300 W)** to limit the current between the 

cathode and anode. The cathode is connected through R1 to control the plasma current, 

while the anode is grounded to the vacuum chamber to maintain electrical stability.  

In addition, external TTL (transistor-transistor logic) signals manage external events, 

such as triggering the pulsed valve. These signals, connected to the power supply’s 

control ports, provide precise timing for both electrical pulses and gas flow, which is 

crucial for synchronizing the system. This configuration ensures effective control over 

plasma discharge and material ablation in the PMCS. 

 



 

 

41 

 

Figure 3.6. Diagram power supply employed in the PMCS. 

3.2.4 Aerodynamic Lenses 

Due to the stochastic nature of the cluster formation process, the resulting nanoparticle 

beam often exhibits a broad size distribution. To address this, aerodynamic size 

selection and focusing techniques derived from aerosol science can be employed prior 

to the supersonic expansion in vacuum, refining the nanoparticle beam and achieving 

a narrower size distribution. 

A common method for achieving size selection is using an aerodynamic lens system 

[54]. Aerodynamic size selection is based on the principle that particles with different 

sizes and masses will respond differently to the drag forces exerted by a gas flow [23]. 

In a gas flow, larger particles tend to maintain their initial trajectories due to their 

higher inertia, while smaller particles are more easily deflected by the gas flow. This 

phenomenon is illustrated in Figure 3.7 a) and b), where the trajectories of 15 nm 

particles are simulated for different distances from the inlet. As the distance increases, 

the smaller particles are increasingly deflected away from the central axis. 

This size-dependent deflection can be manipulated to separate particles based on their 

size by using aerodynamic lenses. Aerodynamic lenses consist of a series of 

axisymmetric contractions and enlargements of the aerosol flow passage. By adjusting 
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the geometry and operating conditions of the aerodynamic lens, it is possible to select 

a specific size range of nanoparticles and focus them into a narrow, collimated beam.  

The parameter governing particle size selection in an aerodynamic lens is the Stokes 

number (𝑆𝑡), a dimensionless parameter that relates the particle's response time to the 

characteristic time of the flow, which influences particle trajectories, as shown in 

Figure 3.7 c). The inertia of large particles (𝑆𝑡 ≫ 1) exceeds the drag action of the gas 

streamlines that leads to their deposition on the walls of the lens. Very small particles 

(𝑆𝑡 ≪ 1) closely follow the flow of the gas and become trapped in the vortices. Thus, 

intermediate-size particles with 𝑆𝑡~1 have trajectories that are only slightly decoupled 

from the streamlines, allowing them to join the central beam and pass through a set of 

lenses. 

The use of aerodynamic size selection and focusing in PMCS (Figure 3.4) offers 

several advantages. It allows for the production of nanoparticle beams with a narrower 

size distribution, which is important for many applications where precise control over 

particle size is required. 
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Figure 3.7. Simulation of the gas flow (a) and trajectories of 15 nm particles (b) in an 
aerodynamic lens system according to Gidwani and Di Fonzo et al. [55,56]. The particles 
are concentrated at the centre axis of the lens system, forming a beam. (c) basic principle 
of aerodynamic size-selection and focusing. Large particles, with high inertia (St≫1), 
deviate from the gas streamlines due to their greater inertia and tend to deposit on wall 
surfaces. Very small particles (St≪1) closely follow the gas flow. Particles of intermediate 
size have trajectories that only partially separate from the streamlines, allowing them to 
be concentrated at specific positions within the flow field [57,58]. Taken from [23]. 

 

3.3 Deposition chamber 

3.3.1 Sample holder 

The SCBD prototype employs a specialized deposition chamber engineered for precise 

and controlled film growth. Within this chamber, the cluster beam generated by the 

PMC is intercepted by a custom-designed sample holder (Figure 3.8 and Figure 3.9), 

where I contributed to the design and assembly. This holder accommodates various 
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substrates, including silicon wafers, interdigitated electrodes, and transmission 

electron microscopy (TEM) grids, allowing for flexible experimental configurations. 

Moreover, two quartz crystal microbalance (QCM) is integrated into the chamber 

QCM 1 which serves as sensor for materials deposition after maintenance of the 

source. The QCM 2 is integrated into the holder setup to provide continuous in-situ 

monitoring of the deposited material, enabling real-time measurement of nominal 

thickness and deposition rates. Additionally, a positioning grid for precise beam 

alignment after PMCS maintenance is included in the setup. 

 

 

Figure 3.8. Design and assembly of the substrate holder for cluster beam deposition 
experiments. (a) Technical drawing of the substrate holder, showing the layout and 
dimensions of the substrate holder components. (b) Exploded view showing individual 
components, highlighting the modular design for easy assembly and customization. (c) 
Assembled 3D model of the substrate holder, illustrating the arrangement of 
components, including the positioning grid for precise beam alignment after PMCS 
maintenance. 
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Figure 3.9. Picture of the custom-designed substrate holder within the SCBD chamber in 
view mode (90°), accommodating various substrates—including silicon wafers, 
interdigitated electrodes, and TEM grids—and integrating a quartz crystal microbalance 
(QCM2) for real-time monitoring of film deposition. QCM1 serves as a deposition sensor 
after maintenance of the PMCS. 

 

3.3.2 Motorized manipulator 

To ensure uniform film growth and enable the deposition of films over larger areas, 

the sample holder is equipped with two automated manipulators driven by stepper 

motors. One of these manipulators enable precise movement of the sample holder 

within the plane perpendicular to the cluster beam (along x and y axes). The second 

manipulator facilitates 90° rotation of the sample holder around its central axis. This 

rotation capability allows for the intermittent monitoring of the deposition process 

through a viewport integrated into the chamber as well as for beam alignment after 

maintenance of the PMCS. 

By coordinating the movement of these manipulators during the deposition process, a 

rastering protocol can be implemented. This protocol, controlled by a custom 

LabVIEW program, involves the systematic and controlled movement of the sample 
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holder in a predefined pattern, effectively extending the deposition area beyond the 

dimensions of the cluster beam itself (Figure 3.10) up to 10 cm2. This capability is 

important for depositing films onto substrates arranged in a linear configuration where 

the individual substrate dimensions must not exceed the beam diameter. Moreover, the 

implemented manipulators allow for the deposition of films onto large-area substrates 

by employing an appropriate 2D rastering protocol, which can be customized based on 

the desired coverage area. 

The rastering speed and the distance between adjacent raster lines can be adjusted to 

control the film thickness and uniformity. In this work, the rastering speed was set to 

5 mm/s, and the distance between raster lines was typically set 1 cm.  

The integration of automated manipulators and the implementation of rastering 

protocols within the deposition chamber enhances the versatility and capabilities of 

the SCBD prototype, enabling the deposition of uniform cluster films onto a wide 

range of substrate configurations and sizes, from small TEM grids to substrates of 

larger area in comparison with the size of the beam. 

 

 

Figure 3.10. Rastering protocol for large-area deposition. The cluster beam is intercepted 
by the sample holder, which can move along the reference axes x and y. By horizontally 
moving the holder with incremental vertical steps, films can be deposited over areas up 
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to 10 cm². The GUI records in real time the amount of deposited material measured by 
the QCM as “bulk equivalent thickness”.  
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CHAPTER 4. MEASUREMENTS AND 

CHARACTERIZATIONS METHODS 

4.1 In-situ electrical measurements 

4.1.1 Interdigitated electrode’s characteristics 

The Interdigitated Electrodes (IDEs) used in this study were patterned by standard 

photography and lift-off process on 8-inch 500 µm thick Borofloat33 glass wafers. 

IDEs consist of 10 pairs of 100 µm width and 4 mm length fingers with 100 µm 

spacing. IDEs are connected to 5×5 mm² large contact pads. A set of 112 IDEs were 

patterned per wafer (Figure 4.1). 

 

 

Figure 4.1 (a) IDEs patterning flow chart. (b) Design of the 112 IDE chips on 8-inch 
borofloat33 wafer. (c) picture of a single IDE. 

HMDS adhesion promoter was first spincoated to enhance the adhesion of photoresists 

to glass. A LOR3A (Kayaku AM) / Shipley 1813 (Dow) photoresist bilayer was then 

spincoated, with respective thickness of 300 nm and 1.3 µm. The exposure was 

performed with an MLA 150 (Heidelberg Instruments GmbH) with a 375 nm laser 

wavelength and 84 mJ/cm² exposure density. Patterns where subsequently developed 

with MF319 developer (Dow). Titanium 15 nm / gold 200 nm layers were then 
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evaporated on top of the resist mask by e-beam evaporation (MEB 600HV, Plassys 

Bestek) with respective rates of 0.1 nm/s and 0.2 nm/s. The lift-off was performed with 

Remover PG (Kayaku AM) solvent, leading to the gold interdigitated electrodes and 

contact pads. Finally, 112 chips of 15×15 mm² containing single IDE were diced with 

a DAD 3350 saw (DISCO). 

4.1.2 Setup for in-situ electrical and thickness measurements 

In-situ electrical conduction analysis in correlation to deposited thickness is carried 

out logging current measurement from Picoammeter Keithley 6487 and thickness from 

the Quartz Crystal Microbalance Inficon SQM-160. Thanks to a fully motorized 

sample holder (2 translation axis), the Interdigitated Electrodes and the QCM detector 

(positioned side by side) are exposed to the cluster beam repeatedly. The overall setup 

of the electrical measurement is described in Figure 4.2. 
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Figure 4.2: Schematic of the experimental setup for in-situ measurement of electrical 
conduction and deposited thickness. 

 

Cables for the electrical measurement are shielded to the ground starting from the 

picoammeter. Inside the deposition chamber, electrical connections to the IDE are left 

ungrounded in the very last part, as shown in Figure 4.3. 
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Figure 4.3: Internal view of the deposition chamber, showing the measurement setup: a) 
point of entrance of the cluster beam (dotted line shows beam axis); b) control QCM; c) 
IDE; d) main QCM; e) rotating support of the motorized sample holder (here 
anticlockwise rotated of 90° with respect to measurement position). 

 

4.1.3 Experimental protocol for in-situ measurements 

The process parameters of the PMCS used to produce the cluster-assembled films in 

this study were optimized according to the physical properties of the precursor 

materials, as detailed in Table 1. The base pressure in the deposition chamber was 

maintained at 1 × 10−7 mbar. 

Specific adjustments were required for tin to prevent deformation of the tin rod during 

the deposition process. The pulse voltage and duration were set at the low-side limit 

of values allowed by the technique, and the diameter of the tin rod was increased to 3 

mm, compared to the typical 2 mm diameter used for the other materials. Furthermore, 

the frequency (or repetition rate) was adjusted to tune the deposition rate.  
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For tungsten, a refractory metal characterized by a high melting point, the pulse 

voltage was increased to the maximum operational limits of the PMCS to ensure a 

sufficient sputter yield. 

 

Table 1. Process parameters employed in the PMCS. 

Material Carrier gas at 40 

bar 

Discharge 

voltage 

(V) 

Pulse 

duration 

(𝝁𝒔) 

Repetition 

rate 

(Hz) 

Sn (99.99% purity, 

Goodfellow) 

Ne (Messer, 6.0) 500 30 2-4 

Ni (99.99% purity, 

Goodfellow) 

Ar (Messer, 6.0) 500 50 2-4 

Pt (99.99% purity, 

Goodfellow) 

Ar (Messer, 6.0) 500 50 2-4 

W (99.99% purity, 

Goodfellow) 

Ar (Messer, 6.0) 800 50 2-4 

 

In PMCS operative conditions, the conversion of stagnation state enthalpy to beam 

kinetic energy during supersonic expansion of Neon and Argon determines a final 

velocity of about 900 m/s and 650 m/s respectively [29].  Sn Clusters at such velocity 

have a kinetic energy of 0.5 eV/atom, Pt and W clusters a kinetic energy of 0.4 

eV/atom, and Ni clusters a kinetic energy of 0.12 eV/atom. These values must be 

considered as an upper limit, due to slipping effect occurring in seeded supersonic 

beams [29]. Silicon squares 1 x1 cm2 and carbon coated TEM copper grids (200 mesh, 

Agar Scientific) were used as substrates for morphological characterization. The 

deposition process takes place at room temperature. 
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 IDEs were connected to a picoammeter (Keithley 6487) operating with voltage bias 

of 10 mV. Such voltage value was intentionally chosen to prevent phenomena known 

as Electric Field Induced Evaporation (EFIE) and Electric Field Induced Surface 

Diffusion (EFISD) occurring at low film coverages during film growth [59,60] . 

To establish a correlation between electrical conduction and thickness during film 

growth, I utilized a QCM beside the IDE, both mounted onto a custom-designed 

motorized sample holder, as described in [11]. A rastering protocol was implemented 

according to which IDE and QCM are repeatedly exposed to the cluster beam in such 

a way that both collect the same amount of material during each sweep [Figure 4.4a]. 

It is worth noting that QCM measures the deposited mass over detector area and, 

assuming the bulk density for the material, converts it to a thickness value. However, 

the real thickness of non-compact films, such as those ones formed in SCBD 

experiments, is higher than the values shown by the microbalance due to their lower 

density compared to the bulk material. To avoid misleading use of the word 

“thickness”, we will refer to QCM measurements as the "bulk equivalent thickness". 

Figure 4.4b shows an example of raw data (corresponding to Sn), namely electrical 

current across IDE and thickness deposited onto QCM, where the stepwise trend of 

both current and thickness depends on repeating movements (rastering) of the sample 

holder hosting IDE and QCM, in front of the cluster beam. Cross correlation data are 

then progressively generated at the end of each sweep (Section 6.2). 
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Figure 4.4. Experimental setup (a) to correlate the electrical conduction and thickness 

during film growth. IDE and QCM are repeatedly exposed to the cluster beam in such 

a way that both collect the same amount of material during each sweep. (b) Example 

of raw date corresponding to Sn, where the stepwise trend of both current and thickness 

depends on repeating movements (rastering) of the sample holder hosting IDE and 

QCM, in front of the cluster beam. 

 

4.2 Ex-situ characterizations  

4.2.1 Transmission electron microscopy (TEM) 
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The working principle of TEM is fundamentally similar to that of a light microscope; 

however, it employs electrons instead of photons to illuminate the specimen. The 

shorter wavelength of electrons, governed by the de Broglie equation (𝜆 = ℎ/𝑝, where 

𝜆 is the wavelength, ℎ is Planck's constant, and 𝑝 is the momentum), enables a 

substantially higher resolution down to a level of several Angstroms (~ 0.19 nm) 

[61,62]. 

Figure 4.5 illustrates the main components and the electron beam trajectory in a TEM 

instrument. The process begins with an electron gun, typically a tungsten filament 

(thermionic emission) or a field emission gun, which generates a stream of electrons 

[63]. These electrons are accelerated by a high voltage (typically 100-300 kV) towards 

the anode, creating a focused electron beam. The acceleration voltage can be 

modulated to control the electron energy and penetration depth, thereby influencing 

the image resolution and contrast [64]. 

The condenser lens system then focuses the electron beam onto the specimen, which 

is prepared as an ultrathin section or a dispersion on a support grid. As the electron 

beam interacts with the specimen, some electrons are transmitted through while others 

are scattered or absorbed, depending on the thickness and composition of the material. 

The degree of scattering depends on the atomic number of the elements present in the 

specimen, with heavier elements scattering more strongly. The scattered electrons can 

be further categorized into elastically scattered electrons, which retain their energy but 

change direction, and inelastically scattered electrons, which lose energy due to 

interactions with the specimen. 

The transmitted and scattered electrons are then collected and processed to form 

different types of images. In bright-field (BF) imaging, the transmitted electrons are 

used to create an image that reveals the internal structure of the specimen. In dark-field 

(DF) imaging, only the scattered electrons contribute to the image, highlighting 

specific features or defects in the specimen [62,64].  

The transmitted electrons pass through an objective aperture, which controls the 

contrast and resolution of the image, and then through a series of intermediate and 
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projector lenses. These lenses magnify the electron image and project it onto a 

fluorescent screen or a digital camera for visualization and recording. 

 

 

Figure 4.5: Schematic diagram illustrating the main components and electron beam path 
in a Transmission Electron Microscope (TEM). The transmitted and scattered electrons 
are then collected and magnified by objective, intermediate, and projector lenses to form 
an image on a fluorescent screen or a digital camera. Adapted from [65]. 

 

The overall morphology of the material at the nanoscale was characterized by 

Transmission Electron Microscopy (TEM) using a JEOL JEM-F200 cold FEG 

microscope operating at an acceleration voltage of 200 kV. Crystalline nanostructures 

were analyzed by direct spacing measurements on High-Resolution TEM (HRTEM) 

images as well as by Selected Area Electron Diffraction (SAED) using Digital 

Micrograph Software from Gatan (version v.3.50.3584.0) and D. Mitchell's script 

DiffTools. 

Elemental mapping was obtained by X-ray Energy Dispersive Spectroscopy (EDS-X) 

in Scanning Transmission Electron Microscopy (STEM) mode. 
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Figure 4.6. Protocol employed for the deposition of sub monolayer regime samples, 
where rastering protocol was monitored in parallel with the QCM in order to correlate 
the amount of deposited material with the coverage. 

 

4.2.2 Atomic force microscopy (AFM) 

Atomic Force Microscopy (AFM) is a high-resolution type of scanning probe 

microscopy that operates by scanning a cantilever with a sharp tip over the sample 

surface. The deflection of the cantilever, caused by interactions between the tip and 

the sample, is measured using a laser beam reflected from the top of the cantilever into 

a position-sensitive photodetector (Figure 4.7a). The deflection data is used to generate 

a topographical map of the surface. There are three primary modes of AFM operation: 

contact mode, tapping mode, and non-contact mode, each providing unique insights 

into the surface properties [66]. 

The fundamental relationship in AFM involves Hooke's Law, which relates the 

cantilever deflection to the force applied: 

𝐹 = −𝑘𝑧 (4.1) 

Where: 
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𝐹 is the force between the tip and the sample. 

𝑘 is the spring constant of the cantilever. 

𝑧 is the deflection of the cantilever. 

 

Figure 4.7. (a) Schematic of an AFM setup. The laser reflects off the cantilever into a 
position-sensitive photodetector, with a feedback loop ensuring constant interaction 
with the sample surface. The piezo scanner controls sample movement for line scanning 
across areas. (b) Interaction between the cantilever tip and surface atoms at high 
magnification, where force is exerted between the tip atoms and surface atoms. (c) Force 
vs. tip-to-sample distance plot, showing the repulsive regime (contact mode) and the 
attractive regime (non-contact mode), with forces switching based on tip-sample 
separation. Taken from [66]. 

 

By knowing 𝑘 and measuring 𝑧, the force 𝐹 can be calculated. This force is often in 

the range of piconewtons to nanonewtons, allowing for sensitive detection of surface 

features. 

In Figure 4.7b, the average cantilever motion and force-distance curve show the 

repulsive regime in contact AFM and repulsive AM-AFM modes. In Figure 4.7d, the 

attractive AM-AFM mode is depicted, highlighting the attractive forces detected 

without the tip contacting the sample surface 
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1. Contact Mode: the AFM tip makes continuous contact with the sample 

surface. This mode is suitable for high-resolution imaging of hard surfaces but 

can cause damage to soft samples due to the frictional forces involved. 

2. Tapping Mode: the cantilever oscillates near its resonant frequency, 

intermittently contacting the surface. This mode reduces the lateral forces on 

the sample, minimizing damage while maintaining high-resolution imaging 

capabilities. 

3. Non-contact Mode: the cantilever oscillates above the sample surface without 

making contact. The tip detects the attractive van der Waals forces between the 

tip and the sample. This mode is ideal for imaging very soft or delicate surfaces 

without causing any damage. 

 

AFM images were acquired in tapping mode at scan rates of 1 Hz with a resolution of 

512 × 512 pixels from samples deposited on Si substrates. Semi-contact silicon 

AC160TS AFM tips (Olympus, Japan) with a cantilever spring constant of 26 N/m and 

tip apex radius of 7 nm were used. Surface topography of the deposit was acquired by 

maintaining the cantilever first resonance amplitude constant via the feedback loop of 

the AFM acting on the piezo Z direction. Software Mountains SPIP (Digital Surf, 

France) was exploited for images elaboration. 

 

4.2.3 X-ray photoelectron spectroscopy (XPS) 

X-ray Photoelectron Spectroscopy (XPS) provides quantitative and qualitative 

information about the elemental composition, empirical formula, chemical state, and 

electronic state of the elements within the material's surface.  

XPS operates on the photoelectric effect principle. When a material is irradiated with 

X-rays, core electrons are ejected from the surface atoms. The kinetic energy of these 

ejected electrons is measured and used to calculate their binding energies, which are 
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characteristic of specific elements and their chemical states. The binding energy is 

given by: 

𝐸𝐵 = ℎ𝜈 − 𝐸𝐾 − 𝜙 (4.2) 

where 𝐸𝐵 is the binding energy, ℎ𝜈 is the photon energy, 𝐸𝐾 is the kinetic energy of 

the ejected electron, and 𝜙 is the work function of the spectrometer. 

Figure 4.8b, illustrates the process of photoelectron emission where an X-ray photon 

interacts with an atom, resulting in the ejection of a core electron. The kinetic energy 

of this ejected electron is measured to determine the binding energy. The electron is 

ejected from the core levels (such as 1s, 2s, or 2p) of the atoms, and the binding energy 

𝐸𝐵 is a unique fingerprint for each element, allowing for elemental identification. The 

work function 𝜙 is the energy required to move an electron from the Fermi level to the 

vacuum level, and it is specific to the material of the spectrometer. 

An XPS system consists of an X-ray source, an electron energy analyzer, and a 

detector. The X-ray source typically uses Al Kα (1486.6 eV) or Mg Kα (1253.6 eV) 

radiation. The electron energy analyzer (usually a hemispherical analyzer) separates 

electrons based on their kinetic energy, and the detector counts these electrons to 

generate a spectrum. 

This technique is highly surface-sensitive, typically probing the top 1-10 nm of the 

material, as illustrated in Figure 4.8b. The use of Al Kα radiation is common due to its 

high photon energy, which is sufficient to eject core-level electrons from most 

elements. The emitted electrons are collected and passed through the electron energy 

analyzer, which filters them by kinetic energy before they reach the detector. This 

energy filtering is important as it enables the determination of the binding energy of 

the electrons, which is used to identify the elements and their chemical states. 

The sensitivity of XPS to the topmost layers of the sample makes it an ideal tool for 

studying surface phenomena, such as oxidation, corrosion, and thin films. The 

information obtained can be used to infer the surface composition, thickness of oxide 

layers, and even the electronic structure of the materials. 



 

 

61 

 

 

Figure 4.8. Illustration of the X-ray photoelectron spectroscopy (XPS) process. (a) An 
incident X-ray photon (energy hv) ejects a core-level electron (photoelectron) from the 
sample. The kinetic energy of the ejected photoelectron is measured and used to 
determine the binding energy of the electron in its original atomic orbital. (b) XPS 
experimental setup. Photoelectrons emitted from the sample's surface region (1-10 nm 
depth) are analyzed. This depth range arises from the short inelastic mean free path of 
photoelectrons without significant energy loss, making XPS a surface-sensitive 
technique. Taken from [67]. 

 

Tin, Ni and W oxidation states were investigated by XPS on Kratos Axis Ultra DLD 

spectrometer equipped with monochromatic Al Kα X-ray source (hν = 1486.6 eV) and 

operating at base pressure below 1×10-9 mbar. Analysis area was 700 μm × 300 μm 

and take-off angle 90°. High-resolution XPS spectra were acquired with 20 eV pass 

energy and step size of 0.1 eV for Sn 3d, Ni 2p and W 4f, and O 1s and C 1s. Energy 

step of valence band spectra was of 0.05 eV. Energy axis of high-resolution XPS 

spectra was referenced to adventitious C 1s at 285.0 eV, while for valence band spectra 

the energy axis was referenced to the Fermi level of a calibration gold foil. 
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III. RESULTS AND DISCUSSIONS 

CHAPTER 5. FROM ISOLATED PARTICLES TO 

NANOGRANULAR FILMS 

5.1 Morphological properties of isolated clusters 

Aiming at determining first the size distribution of the nanoparticles composing the 

cluster-assembled films, low-coverage samples ensuring particle separation were 

produced and analyzed by low magnification TEM. TEM images of isolated clusters 

were analyzed using the particle analysis function in ImageJ (https://imagej.net/ij/), 

which allowed for the determination of the area, perimeter, and diameter of each 

individual particle. Images underwent first a thresholding process to differentiate 

nanoparticles from background. To improve the accuracy of this separation in the case 

of neighboring objects, watershed algorithms were employed. These approaches 

effectively eliminated any noise or artifacts, resulting in reliable particles 

identification. The particle size distribution was determined using the Feret diameter, 

defined as 𝑷 𝝅⁄ , where 𝑷 is the measured contour. If on one hand this approach 

somehow loses the information about particle shape, on the other hand it allows to 

characterize in a simple way objects with spheroidal shapes as those observed in TEM 

images here and in the following as well.  

Besides isolated nanoparticles, several agglomerates are visible in the images. As in 

most cases their irregular shapes can be traced back to the juxtaposition of the 

spheroidal shapes of single nanoparticles, I suggest that surface diffusion explains their 

presence. 

Although a partial coalescence cannot be excluded at the point of contact of two 

particles, in such agglomerates the single particles maintain their individuality in what 

regards their dimensions, therefore they can be included in the statistics. The few 

objects whose shape is not spheroidal and cannot be reconstructed as juxtaposition of 

spheroidal shapes are not considered in the statistics. Particles size is reported as 
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“equivalent diameter”, which is calculated by Feret diameter. Figure 5.1 a and b show 

an example of a low-magnification TEM image analyzed with the related particles 

tracking.  

 

Figure 5.1. Example of low magnification TEM image (zoomed-in), corresponding to Sn, 
used for creating the particle size distribution. (b) Related image elaboration with the 
automatic recognition of spheroidal objects (white dots inside each object are actually 
the numerical labels for particles counting). 

 

The histogram of nanoparticle sizes revealed a right-skewed distribution, characteristic 

of a log-normal distribution. This observation was further validated by fitting the data 

to a log-normal probability density function, described by the formula: 

𝑓(𝑥, 𝑥, 𝜎) =
1

√2𝜋𝑥𝜎
𝑒

−
1
2

(
𝑙𝑛(𝑥)−𝑙𝑛(𝑥)

𝜎
)

2

(5.1) 

𝑥 represents the particle size, 𝑥 is the median of the distribution (corresponding to the 

maximum of the distribution), and 𝜎 is the parameter that characterizes the width of 

the distribution [68]. 

The log-normal distribution arises when the logarithm of the variable of interest is 

normally distributed. This distribution is often observed in scenarios where the growth 

process involves multiplicative factors, such as in the gas-phase synthesis of 

nanoparticles. In such processes, the log-normal distribution indicates that particle 
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growth occurs through a parallel mechanism, involving the formation of initial 

particles (dimers) which then combine to form larger aggregates. Consequently, the 

size distribution is right-skewed, with most particles being smaller and a few 

significantly larger. 

When plotted on a logarithmic scale, this distribution resembles a normal distribution, 

reflecting the underlying multiplicative nature of the growth process. This 

characteristic shape is a hallmark of the gas-phase synthesis process, where particle 

growth is governed by successive collisions and coalescence of smaller units. (See 

Section 2.2 for further details.) Thus, the observed log-normal distribution not only 

fits the data well but also provides insight into the fundamental processes driving the 

formation and growth of nanoparticles in the gas phase. 

In the case of isolated Sn nanoparticles, it was observed that predominantly adopt a 

spherical shape with dimension ranging from 2 to 20 nm. The preference for spherical 

shape in Sn nanoparticles of this work, can be understood as a result of surface energy 

minimization during gas-phase growth combined with the lower cohesive energy of 

tin atoms in comparison with the aforementioned metals. The resulting histogram plot 

of Feret diameters was then fitted to a log-normal curve (Figure 5.2b), in line with 

what expected for size distribution of particles emerging from gas aggregation 

processes [37,69], returning mean at 7 nm, Log standard deviation of 0.48 nm, and R2 

0.94. 
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Figure 5.2 Example of low-magnification TEM image of isolated Sn nanoparticles, 
showing that they predominantly adopt a spherical shape; bulk equivalent thickness is 
0.7 nm. (b) Size distribution and lognormal fit (black line) centered at 7 nm. 

In the case of isolated Ni nanoparticles, low-magnification TEM images (Figure 5.3a) 

showing several hundreds of isolated nanoparticles were analyzed to obtain the size 

distribution. Besides isolated particles, several agglomerates are visible in the images. 

The few objects whose shape is not spheroidal and cannot be reconstructed as 

juxtaposition of spheroidal shapes are not considered in the statistics. It was observed 

that these Ni clusters predominantly adopt dimensions ranging from 2 to 12 nm. The 

resulting histogram plot of Feret diameters was then fitted to a log-normal curve 

(Figure 5.3Figure 5.2b), returning mean at 3.9 nm, Log standard deviation 0.33 nm, 

and R2 0.94. 

It is worth noting that particles fraction with diameter smaller than 5 nm constitutes 

more than half of the dataset. In the case of Nickel, this ultrasmall size range is poorly 

represented in literature, where sizes in the ten to several tens of nanometers range are 

typically investigated [70–73]. 
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Figure 5.3. a) Example of low magnification TEM image of isolated Ni nanoparticles, used 
for obtaining the particle size distribution. b) Size distribution including lognormal 
fitting curve, centered at 3.9 nm. 

In the case of isolated Pt nanoparticles, low-magnification TEM image (Figure 5.4a) 

show that Pt predominantly adopts a 'spheroidal' shape with dimensions ranging 

mainly from 2 to 4 nm. The resulting histogram of Feret diameters was fitted to a log-

normal curve (Figure 5.4b), returning mean at 2.0 nm, Log standard deviation of 0.27 

nm, and R2 0.97. 

 

Figure 5.4. a) Example of low magnification TEM image of isolated Pt nanoparticles used 
to generate the particle size distribution. b) Size distribution including lognormal fitting 
curve, centered at 2.0 nm. 
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The good matching of the size distribution with the lognormal curve, which is typically 

shown by particles forming through gas-phase aggregation processes [24,29,37,74,75], 

suggests that the metallic clusters of Sn, Ni and Pt formed inside the PMCS follow the 

same mechanism: the sputtering of a metallic target by discharge-driven Ar or Ne ions 

produces a hot atomic vapor that thermalizes by collisions with the inert gas into 

PMCS body and aggregates in atomic clusters by homogeneous nucleation (steps b 

and c in Figure 2.9). The growth of Sn, Ni, Pt and W clusters into PMCS body proceeds 

until they are dragged out from the source by the expanding inert gas flow. At this 

point, clusters growth definitively ceases due to the occurrence of the collisionless 

molecular regime, following Ar supersonic expansion towards high vacuum (step d in 

Figure 2.9). 

Furthermore, spherical shape formation in gas-phase aggregation is not universally 

observed across all materials. In fact, although spherical shape minimizes particle 

surface energy, other factors can play a role in determining particle final shape [76]. 

For instance, as shown in Figure 5.5 the shape of Iron (Fe), Platinum (Pt) and 

Vanadium (V) nanoparticles produced in gas-phase aggregation is strongly influenced 

by the specific conditions under which they are produced. In the case of Fe, studies by 

Zhao et al. [77] showed that Fe nanoparticles can grow into cubic shapes influenced 

by atomic diffusion behaviors on different surfaces ({100} and {110}), demonstrating 

the impact of kinetic factors and temperature in defining the final shape of the 

nanocluster. Similarly, controlled growth experiments by Xia et al. [78] have 

demonstrated a transition from octahedral to tetrahedral shapes in size-selected Pt 

nanocrystals, influenced by parameters like argon and helium gas flow rates and 

temperature, which affect the nucleation and growth pathway of the nanocrystals. 

Other studies by Kuzminova et al. [79] reported that low magnetron currents and 

aggregation pressures lead to the formation of cubic V nanoparticles, which is most 

likely connected with different kinetics growth modes on {100} and {110} surfaces of 

V. Conversely, higher magnetron currents and pressures result in the production of 

spherical-like nanoparticles (NPs) with highly irregular morphology. These factors 

underscore the complex interplay of process parameters in determining nanoparticle 

shape in gas-phase aggregation. 
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Figure 5.5. TEM and SEM examples of non-spherical NPs produced in the gas phase.  (a) 
Fe, (b) Pt and (c) V. In (a) Fe NP shape can be altered by changing DC power. Taken from 
[77–79]. 

The preference for spherical shape in Sn nanoparticles of this work (Figure 5.6a), can 

be understood as a result of surface energy minimization during gas-phase growth 

combined with the lower cohesive energy of tin atoms in comparison with the 

aforementioned metals. 

However, HR-TEM show evidence of non-spherical Pt particles (Figure 5.6b). Based 

on size-dependent shape trends reported in the literature, platinum nanoparticles 

predominantly adopt a truncated octahedral geometry, which is known to minimize 

surface energy by stabilizing {111} and {100} facets. This geometry is especially 

predominant in particles smaller than 2.5 nm. Given that the particles produced in this 

work by PMCS have a mean size of 2 nm, they are also expected to predominantly 

adopt a truncated octahedral shape. 
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Figure 5.6. High magnification TEM images. (a) Primeval Sn particles display spherical 
shape while isolated Pt particles (b) show distinct non-spherical shapes. Scale bar 5 nm. 

Moreover, gas-phase synthesis and simulation studies by Xia et al. [78] indicate that 

shape evolution of Pt nanoparticles follows a two-step growth process (). Initially, the 

truncated octahedron grows uniformly on all {100} facets, eventually forming a 

complete octahedron. Subsequently, further growth on only four of the {111} facets 

can result in the formation of tetrahedral shapes, as the symmetry of the octahedron is 

broken by preferential growth on selected facets. However, analysis by Ding et al. [80] 

of Pt particles synthesized via common wet impregnation (WI) methods, where no 

surface capping agents or stabilizers are used, suggests that additional shapes such as 

cuboctahedra and irregular polyhedra may form under certain conditions. This 

conclusion is supported by atomistic simulations, which show that such non-

equilibrium shapes can emerge, particularly as particle sizes increase beyond 2 nm, 

reflecting a broader distribution of morphologies. 

While initial comparisons suggest the presence of truncated octahedral as the 

predominant shape of particles produced in this work, evidence of other geometries 

such as tetrahedral shapes, indicates that further analysis is required to fully 

characterize the size-dependent morphology of the particles produced in this study. 

The role of kinetic factors in shaping these nanoparticles is critical, particularly in gas-

phase synthesis, where rapid cooling and growth conditions can tune the size and 

shape. Controlling the growth and size distribution of nanoparticles in the gas phase is 
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essential for exploring their unique physical and chemical properties, which can be 

strongly influenced by their shape and size. 

 

 

 

Figure 5.7. Schematic representation of the shape evolution of platinum nanoparticles 
produced in the gas-phase: starting with a truncated octahedron, growth on all {100} 
facets forms an octahedron, while selective growth on four {111} facets leads to a 
tetrahedron. Taken from [78]. The frequency distribution shown in figure (b) Size-
dependent distribution of nanoparticle shapes based on frequency as a function of 
particle size. Truncated octahedra (TO) dominate at smaller sizes, while other shapes 
such as truncated cuboctahedra (TC), octahedral-truncated cuboctahedra (OTC), and 
tetrahedra (T or TT) emerge more frequently as size increases, particularly beyond 5 
nm. Taken from [80]. 

5.2 From sub monolayer to 2D growth regime 

To investigate the early stages of cluster-cluster interactions and the morphological 

evolution of cluster-assembled films during two-dimensional (2D) growth, TEM 

images were analyzed using ImageJ software. This analysis provides valuable 

information into the interaction and connectivity of atomic clusters at this early stage 

of aggregation. While site percolation models can interpret connectivity phenomena, 

they do not account for dynamic behaviors, such as diffusion. Experiments have shown 

evidence of fractal structures during first stages of the growth of films [81,82], 

therefore, other models such as cluster-cluster aggregation (CCA) and diffusion-

limited aggregation (DLA) have been developed to model aggregation processes 

observed in colloids and aerosols. 
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Interestingly, both DLA and CCA models often result in the formation of structures 

exhibiting fractal properties. DLA aggregates are characterized by the development of 

dendritic-like branchings due to the attachment of individual particles diffusing 

through space and CCA aggregates form through the recursive attachment of clusters 

of particles, creating islands connected by bridges, also resulting in complex, fractal-

like structures. However, CCA models are limited as they do not account for the 

continuous addition of new particles via deposition. 

By incorporating deposition into aggregation models, the behavior of the particles can 

be modeled using various theoretical approaches. One such model is the Deposition-

Diffusion-Aggregation (DDA) model, which effectively describes the behavior of 

atomic clusters during sub-monolayer film growth (Figure 5.8), elucidating the 

interplay of three fundamental processes [83,84]: 

Deposition: Clusters land on the substrate at random locations. The deposition rate, 

controlled by experimental parameters, influences the film's density and structure. A 

normalized flux, Φ, is introduced, defined as the number of clusters deposited on the 

surface per unit area and unit time. While this flux is typically steady over time, certain 

experimental conditions may involve pulsing the flux—alternating it between a 

constant value and zero over specific intervals. This modulation of flux can 

substantially influence the growth dynamics of the film [85,86], as is the case for the 

films produced by a PMCS used in this work.  

Diffusion: Deposited clusters can diffuse across the substrate surface. The diffusion 

coefficient, determined by factors like temperature and cluster-substrate interaction, 

affects the cluster mobility and arrangement. The model assumes Brownian motion 

(i.e., the particle undergoes a random walk on the substrate) for cluster diffusion.  

Aggregation: Clusters in close proximity can aggregate to form larger islands. The 

aggregation process depends on cluster-cluster interactions and can lead to various 

film morphologies. While the DDA model simplifies this interaction by not 

considering coalescence or dissociation from the islands (stick irreversible), it offers a 

foundation for understanding the early stages of cluster aggregation. 
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Figure 5.8: Schematic representation of the basic process considered in the DDA model: 
(a) deposition; (b and d) particle diffusion; and (c) aggregation. (b) represents a particle 
that diffuses and meets another particle to form a new island (a dimer in this case), while 
(d) correspond to a particle aggregating to an already existing island (growth process). 
Taken from [87].  

This model, initially developed for atomic deposition, has been extended to describe 

the deposition of nanoparticles, where the size and interaction potential of the particles 

introduce additional complexities [83,87,88]. Furthermore, recent publications by 

Borghi et al., have employed this model to analyze the sub-monolayer growth 

dynamics in cluster-assembled films of zirconium [89] and gold [10] produced by 

SCBD, highlighting its versatility and applicability in advancing our understanding of 

nanoparticle deposition dynamics in the sub-monolayer or 2D growth. 

In this chapter, I explore the dynamic interplay between deposition, diffusion, and 

aggregation of metallic particles on the carbon surface of TEM grids. The DDA model 

provides a fundamental framework for understanding the sub-monolayer growth of 

thin films and nanostructures on surfaces, highlighting the interplay of these three 

fundamental processes. Incorporating fractal analysis to TEM images at different 

coverages could provide insights into how the film's structural complexity evolves 

during deposition, potentially revealing a transition from isolated particles to 

interconnected clusters and percolating structures as particle interactions and 
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aggregation progress and has been described in previous publications by Jensen et al. 

[82,90,91]. 

The box-counting method, one of the most common techniques in fractal analysis, was 

employed to analyze complex structures observed during aggregation processes on 

substrates, as captured using Transmission Electron Microscopy (TEM) (Figure 5.10. 

This method assesses the complexity of a shape and aids in calculating the fractal 

dimensions. Employing ImageJ's FracLac plugin, the procedure involves 

systematically overlaying a series of progressively finer grids (the boxes) over an 

image (Figure 5.9). Data is collected by counting how many of these boxes contain 

any significant part of the image’s details, with important details typically highlighted 

by contrasting black pixels against a non-essential white background. The analysis 

generates a plot of 𝑙𝑜𝑔(𝑁), the number of boxes intersecting the structure, versus 

𝑙𝑜𝑔(𝑠), the size of each box. A linear relationship in this plot indicates a fractal pattern, 

and the slope of the best-fit line provides the fractal dimension.  

This measure provided valuable information about the aggregation mechanism during 

cluster deposition, as will be discussed in the next section. 

 

Figure 5.9. Example of TEM image of Pt films at ~63% surface coverage, binarized for 
fractal analysis. (a) reveals a complex, interconnected structure with a measured fractal 
dimension of 1.87, indicative of relatively high degree of structural complexity. (b) A 
zoomed-in view of (a), highlighting the application of the box-counting method to 
quantify the fractal dimension. 

5.2.1 High melting point materials: the case of Ni, Pt and W 
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The morphological evolution of Pt thin films under varying coverage conditions, 

demonstrates the complex interplay between deposition, diffusion, and aggregation 

processes. This section elaborates on the transformation of isolated nanoparticles into 

more intricate structures with increasing coverage in correlation with bulk equivalent 

thickness. 

 

Figure 5.10. Evolution of coverage percentage by increasing the deposition time of Pt 
films, displaying branched structures that become more complex as coverage increases. 
The images were extracted from low magnification TEM images. Scale bar 5 nm 

At 4% coverage, TEM images predominantly showcased isolated Pt nanoparticles on 

the substrate, ranging mainly from 1 to 5 nm, already described in Figure 5.4. The 

fractal dimension at this stage was measured to be 1.17, indicating a relatively simple 

and non-complex structure as these particles retained their primeval morphology, with 

minimal interaction and aggregation due to limited diffusion on the substrate, thus 

acting as several nucleation sites. It is noteworthy that in the soft-landing regime, a 

characteristic feature of SCBD, Pt clusters can become immobilized on surface 

defects. This immobilization further suppressed diffusion, thereby reducing the 

probability of particle-particle interaction and aggregation on the substrate at this early 

stage of deposition, however few aggregates were also observed. 

As the coverage increased to 13%, the morphology of the Pt cluster film evolved 

gradually, displaying few complex branched-like shapes. This suggests that newly 

deposited nanoparticles tend to aggregate rather than merge upon interaction with 

others on the substrate. Although most clusters remained isolated, this stage marked 

the onset of early network formations due to hard aggregation, likely caused by partial 

or limited coalescence via necking, where interacting particles started forming 

branched-like shapes. The fractal dimension increased to 1.35, reflecting the 

increasing of structural complexity. This transition suggests that increasing particle 
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deposition, promotes the formation of more complex, branched structures as particles 

begin to aggregate and form initial networks. 

At 30% coverage, significant morphological changes are evident, with branched-like 

structures becoming more prominent. The progressive deposition of nanoparticles 

leads to dendritic-like structures, with some dendritic objects beginning to interact. 

This stage highlights how Pt islands become increasingly interconnected, forming 

extensive dendritic patterns as the newly added primeval size particles stick to the 

existing islands. The fractal dimension of 1.63 obtained from the TEM image indicates 

a moderate level of aggregation complexity and partially filled structures, suggesting 

intricate, self-similar clustering with high surface area relative to volume, important 

for applications like catalysis 

The TEM image at 44% surface coverage reveals a significant increase in the 

complexity and density of dendritic networks. This high coverage level promotes 

frequent interactions between incoming particles and existing islands, facilitating 

extensive growth and interlinking of branches. These extensive interactions result in 

large, interconnected networks that cover a substantial area of the surface. The 

measured fractal dimension of 1.74 aligns with the characteristics of DLA model, 

where particle aggregation is driven by random motion and subsequent sticking upon 

contact. In the context of cluster assembled films, as new particles are added and 

diffuse, they adhere to existing islands, forming fractal-like, dendritic structures. The 

high surface coverage further increases the frequency of interactions between newly 

added particles and islands, thus promoting the growth and interconnection between 

islands. 

This DLA-like growth mechanism continues until a significant number of particles 

start to land within the existing islands, leading to an increase in their effective fractal 

dimension. At 63% coverage, the Pt films exhibit a highly intricate network of 

interconnected islands spanning across the entire observation area. This stage is 

characterized by nearly complete surface coverage, where new particle deposition 

primarily promotes the joining of islands and further complexification of the structure.  
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The fractal dimension at this stage reaches 1.87, indicating the highest level of 

structural complexity observed in this study for Pt sub monolayer films. This value 

approaches the fractal dimension of 1.9, typical of highly interconnected networks 

characteristic of fully developed percolation structures [81,82]. The percolation regime 

is reached when the deposited nanoparticles form a continuous network across the 

substrate, marking a critical transition point in film growth. At this stage, few isolated 

particles are observed as new particles predominantly deposit on top of existing 

islands, suggesting the onset of ballistic growth. 

Ni and W films analyzed in this thesis also exhibit similar trends of aggregation in the 

sub monolayer, validating the DDA model. These materials display solid-like 

interactions that promote aggregation via necking.  Similarly to the observed in Pt 

films, for tungsten at a high coverage of 71%, the fractal dimension is 1.9. 

The observed morphological evolution of Pt, Ni, and W under varying coverage 

conditions aligns with the principles of the DDA model, encompassing the interplay 

of particle deposition, surface diffusion, and aggregation processes—key determinants 

of thin film growth and structural complexity. A defining characteristic of the DDA 

model is the irreversible sticking of particles upon contact, a phenomenon that drives 

the formation of aggregates and, ultimately, the intricate structures observed in the 

TEM images (Figure 5.11). 
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Figure 5.11. Comparative of sub-monolayer growth for the three high-melting point 
materials studied in this work, highlighting the formation of branched-like structures. 
Scale bar 5 nm. 

Additionally, the soft-landing regime plays a significant role in maintaining the 

primeval morphology of nanoparticles. Sn, Pt, Ni and W clusters can become 

immobilized at surface defects, inhibiting diffusion and reducing particle-particle 

interactions. This immobilization is crucial in maintaining the discrete spreading of 

nanoparticles at low coverage, thereby ensuring their primeval morphology is largely 

retained then acting as nuclei sites. 

 

5.2.2 Low melting point materials: the case of Sn 

Atomic clusters do not always stick together without fusing, as was reported in the 

previous sections and references therein. Depending on their intrinsic properties and 

size, when two atomic clusters meet, they might coalesce. The coalescence of diffusing 

clusters upon mutual contact significantly influences the morphology of the resulting 

aggregate (Figure 5.12). This effect is particularly evident in the deposition of 

antimony (Sb) clusters onto a graphite surface. As the size of these initial clusters 

decreases from approximately 500 atoms to just four atoms, the morphology of the 

resulting structures shifts from fractal-like forms to more compact, spherical islands 

[92]. This transition underscores the critical influence of physical properties and 

cluster size on aggregate morphology. 
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Figure 5.12: Possible interaction process for two clusters meeting on a surface. (a) 
aggregation, (b) fusion. For atoms, the only possibility is process (a) Taken from [87]. 

HRTEM images of very low coverage samples show tin NPs deposited by SCBD to 

have spherical shape with diameter in the range from few nm to around 20 nm. At 

larger coverage, NPs undergo coalescence phenomena leading to the formation of 

bigger units in which primeval particles are either completely melted or partially 

preserve their original identity.  

Highly ordered crystalline planes are visible across the whole particles’ core, whereas 

shells appear to be amorphous (This will be discussed in Section 5.4.2). Aiming at 

investigating coalescence phenomena, we carried out TEM analysis on samples at a 

level of coverage causing clusters to get in touch each other. In these conditions, we 

observed that the primary and spherical Sn clusters merge into larger nanoparticles 

having shapes evolving from original spherical ones towards spheroidal and oblong 

shapes, reminding the junction of two or more particles (Figure 5.13a).  

Figure 5.13b shows the size distribution of nanoparticles that have undergone 

coalescence. Interestingly, size distribution reveals a bimodal character, whose 

component at small sizes matches well the size distribution of the original 

nanoparticles, as depicted in Figure 5.2, while an additional component at larger sizes 

appears. The presence of a component reminding the original one can be attributed to 

the fraction of particles not yet subjected to coalescence, while the new component, 

which exhibits a broader profile and is shifted towards larger sizes, represents the 

formation of islands resulting from the coalescence of multiple NPs. This observation 

suggests a gradual coalescence process, wherein new nanoparticles are continuously 
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deposited onto previous ones and contribute to the growth of progressively larger 

islands. 

 

Figure 5.13. (a) TEM image showing a sample at larger degree of coverage than the one 
of Figure 5.2, where objects unveiling coalescence among two or more particles are 
visible; bulk equivalent thickness is 3.2 nm, deposition rate is 0.17 nm per rastering step. 
(b) Size distribution showing bimodal character. The first component matches well the 
size distribution of the initial nanoparticles, indicating that a fraction of particles remains 
uncoalesced. The second, broader component emerges at larger sizes, suggesting the 
formation of units due to the coalescence of at least two NPs. The superimposed black 
line represents the low-size component of a double lognormal fitting in which Mean and 
Log Standard Deviation have been kept fixed on values obtained from fitting in Figure 
5.2b. 

 

The coalescence of Sn NPs observed in TEM images can be attributed to two main 

factors: diffusion and juxtaposition. Due to their high surface-to-volume ratio, NPs 

inherently possess high surface energy [37]. Diffusive motion on the substrate can 

bring them into contact, leading to coalescence as a mean to reduce the total surface 

energy. Moreover, during the deposition process, NPs can also be juxtaposed onto one 

another, further inducing their contact and subsequent coalescence. This close 

proximity, combined with the system's tendency to minimize its total energy, drives 

the particles to merge and reduce their combined surface area. It is also noteworthy 

that since clusters are not deaccelerated before impinging on the substrate’s surface, a 

part of their kinetic energy is available for further warming and structural 
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reorganization [69]. This phenomenon is particularly notable in the case of Sn clusters, 

which possess a lower melting point compared to their bulk counterparts [93,94]. 

According to computational studies performed by Grammatikopoulos et al. [95], 

dynamics of nanoparticle coalescence reveal a complex multistage process that can be 

classified into three stages: (i) interface formation; (ii) plastic deformation; (iii) 

spherization and recrystallization. Examples of Sn particles subjected to coalescence 

and “frozen” in each one of these stages can be identified by High-Resolution TEM 

(HRTEM) into the same cohort of particles, allegedly due to the distribution of energy 

characterizing particle-particle interactions. 

The first stage, initial contact and interface formation, regards the formation of a sharp 

interface between the two particles upon contact, driven by the minimization of surface 

energy, where the individual crystal planes meet [37,96,97]. Figure 5.14a portraits two 

Sn NPs stuck in this stage, as it clearly shows the two well distinguished sets of 

crystalline planes separated by a sharp interface, in a dumbbell configuration. In the 

second stage, plastic deformation, the heat generated from the release of free surface 

energy induces a temporary melting of the interfaces [98,99]. This process, especially 

favored in nano-sized Sn due to its lowered melting point, allows full recrystallization 

across the two nanoparticle bodies. Figure 5.14b shows two Sn NPs stuck at this stage, 

highlighting the gradual disappearance of the neck and the progressive formation of a 

single crystal plane structure, indicative of the recrystallization process [97]. This is a 

critical aspect of the coalescence process, as it leads to the formation of a single and 

more stable configuration with enhanced crystallographic order. The final stage, slow 

spherization and completion of recrystallization, involves a slow relaxation process 

toward the thermodynamically stable structure, driven primarily by the thermal 

diffusion of surface atoms once the additional heat dissipates from the sintering 

process [100]. This migration led to a gradual rounding of the nanoparticle shape, 

culminating in a nearly spherical morphology, as in the case of Sn NPs shown in Figure 

5.14c. 

The effects of coalescence at further development stages of cluster-assembled Sn films 

have been investigated by AFM, which provided information on film morphology at 

the microscales. AFM images of films at increasing growth stages show a clear 
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progression of coalescence, where topological features evolve from spheroidal shapes 

to larger, irregular shapes. At short deposition times, AFM images show mostly 

spheroidal islands with dimensions in the range from 10 nm to 30 nm approximately 

(Figure 5.15a). Deformed particles can also be observed, indicating the early stages of 

coalescence. As deposition time increases, AFM images show an increasing fraction 

of deformed and larger islands (Figure 5.15b). Some small and spherical particles can 

still be observed. At longer deposition times, AFM images show mostly islands with 

complex geometries (Figure 5.15c). These islands are allegedly formed by the 

coalescence of multiple particles.  

 

 

 

Figure 5.14. HRTEM images of Sn nanoparticles spotted at different stages of coalescence 
process. a) Formation of the interface between two Sn clusters, where the crystalline 
planes of each individual nanoparticle meet. b) Plastic deformation stage, where 
crystalline planes are in the process of realignment. c) Complete coalescence of the two 
particles is indicated by the disappearance of the interface and the formation of a single 
crystalline lattice where no defect is observed. Line pairs highlight crystalline plane 
orientations, while boxes emphasize interfaces. Scale bar at the bottom left of images is 
10 nm in all cases. 
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Figure 5.15. 1x1 μm AFM images showing the evolution of island-like film morphology 
with increasing deposition time. (a) At short deposition times, predominantly spheroidal 
islands with dimensions ranging from 10 nm to 30 nm are observed. In some cases, signs 
of deformation are visible, indicating early coalescence stages. Thickness is 10.2 nm. (b) 
As the deposition time increases, the fraction of deformed and larger islands increases. 
Thickness is 21.5 nm. (c) With longer deposition times large islands with complex shapes 
appear, resulting from the coalescence of multiple particles. Thickness is 39.2 nm. 

 

5.3 3D growth regime 

Scaling concepts are essential in understanding the growth behaviour and surface 

morphology of thin films, particularly in the study of cluster-assembled materials. 

These materials display distinct surface roughness and growth dynamics, which can 

be characterized using atomic force microscopy (AFM) and analysed through scaling 

laws. This chapter provides an overview of scaling fundamentals and applies them to 

the 3D growth regime of cluster-assembled films, focusing on the relationship between 

surface roughness and film thickness. 

In cluster-assembled films, the deposition process involves the direct transfer of 

clusters onto a substrate, where they adhere and aggregate to form a film. The surface 

roughening arises from the stochastic nature of cluster landing, diffusion, and 

aggregation processes. Unlike atomic deposition, where individual atoms can diffuse 

over significant distances before finding an energetically favourable site, clusters have 

limited mobility due to their larger mass and size. This limited diffusion leads to a 

more pronounced surface roughness as the film grows [101]. 

The roughening is further influenced by factors such as deposition rate, cluster size 

distribution, and substrate temperature. High deposition rates increase the flux of 
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clusters arriving at the substrate, enhancing the probability of clusters landing on top 

of existing ones, which contributes to surface roughness. The size distribution of 

clusters also plays a significant role; a broad distribution can lead to uneven surface 

features due to the varying sizes of clusters aggregating on the surface. 

The quantitative characterization of surface roughness in cluster-assembled films is 

often described using the root-mean-square (RMS) roughness, which depends on the 

film thickness or deposition time 𝑡. The RMS roughness is defined as: 

𝑤 = √
1

𝐿
∑[ℎ(𝑖, 𝑡) − ℎ̅(𝑡)]

2
𝐿

𝑖=1

(5.2) 

Where ℎ(𝑖, 𝑡) is the height of column 𝑖 at time t and L is the system size [102].  

Roughness scaling laws provide insights into the universal behavior of surface growth 

processes. In cluster-assembled films, the scaling exponents can deviate from those 

observed in atomic deposition due to the unique aggregation mechanisms of clusters. 

The dynamic scaling hypothesis proposes that the RMS roughness scales with the 

lateral length scale 𝐿 and time 𝑡 as [102,103]: 

𝑤 = 𝐿𝛼𝑓 (
𝑡

𝐿𝑧
) (5.3) 

In this equation, 𝛼 is the roughness exponent, 𝑧 is the dynamic exponent, and 𝑓 is a 

scaling function. In the early stages of film growth, when 𝑡 ≪ 𝐿𝑧, the roughness grows 

as: 

𝑤~𝑡𝛽 (5.4) 

with the growth exponent 𝛽 = 𝛼 𝑧⁄ . The value of these scaling exponents uniquely 

determines the universality class of the growth process. Universality classes such as 

Edwards-Wilkinson (EW) [104] and Kardar-Parisi-Zhang (KPZ) [105] are 

distinguished by their specific sets of exponents. Various growth models, including 

random deposition (RD), ballistic deposition (BD), and random deposition with 
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surface relaxation (RDSR), are associated with distinct stochastic growth rules based 

on nearest or second nearest neighbor interactions (Figure 5.16).  

 

Figure 5.16. Representation of a 1+1-dimensional deposition scheme, featuring Random 
Deposition (RD) and Ballistic Deposition (BD) mechanisms. Taken from [106]. 

Except for the RD model, which involves independent particle deposition without 

surface interactions, all other models incorporate interactions that influence surface 

morphology. The RDSR model falls within the linear EW universality class, whereas 

the BD model belongs to the nonlinear KPZ universality class. The scaling exponents 

for these universality classes vary between 1+1 and 2+1 dimensions, reflecting how 

dimensionality impacts the growth dynamics and resulting surface roughness. 

Surface morphology of films resulting from Nickel, Platinum and Tungsten cluster 

assembling was characterized by AFM, as shown in Figure 5.17. I calculated the 

surface roughness of several samples displaying different thickness, following the 

approach adopted with other cluster-assembled materials [11,89,107,108]. Raw 

images 1 ×  1 𝜇𝑚2 were first corrected from tilt with a line by line fit, then roughness 
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(RMS) was calculated according to ISO 25178. The thickness was systematically 

measured at the step created by the masking. In correspondence of the step a larger 

area (15 ×  15 𝜇𝑚2) was scanned to avoid taking into account misleading elements 

close to the step edge (e.g. presence of boulders or diffusion of nanoparticles below 

the mask). Figure 5.17c shows an example of height profile extracted from the AFM 

image of Figure 5.17.a. Mean height difference between pristine silicon and surface of 

cluster-assembled film was used to estimate the thickness. Figure 5.17d shows the 

height distribution of the AFM image of Figure 5.17a, where the sharp peak on the left 

refers to the substrate region while the broad peak refers to the film region.  

 

Figure 5.17. a) Example of AFM image, corresponding to Ni films showing the edge of the 
film where thickness is measured; the side of the image is 15 μm. b) Surface morphology 
by AFM where roughness is evaluated; the side of the image is 1 μm. c) Example of height 
profile from image a). d) Height distribution of image a); standard deviations at substrate 



 

 

86 

level (sharp peak at the left) and at film surface level (broader peak on the right) are 0.11 
and 6.45 nm, respectively. 

The linear distribution of data points in the log-log plot (Figure 5.18) of roughness vs. 

thickness suggests an underneath power-law relationship 𝑤~𝑡𝛽, whose fitting returns 

an exponent growth value of 𝛽 = 0.46 for Pt, 𝛽 = 0.41 for Ni, and 𝛽 = 0.31 for W.  

As conditions for this analysis are fulfilled, namely (1) lateral scan size much larger 

than lateral size of morphological features under investigation and (2) constant 

deposition rate providing linear dependence of thickness with time, the observed 

exponent suggests, for cluster-assembled Pt, Ni and W films, a growth mechanism in 

agreement with the ballistic deposition model. In ballistic deposition, clusters adhere 

to the substrate where they land without significant lateral movement, leading to 

surface roughening due to limited surface diffusion. The observed 𝛽 values are higher 

than the theoretical predictions for ballistic deposition in lower-dimensional models, 

which are 𝛽 ≈ 0.33  in 1+1 dimensions and 𝛽 ≈ 0.24 in 2+1 dimensions. The higher 

exponents suggest that three-dimensional aggregation dynamics and possibly 

enhanced shadowing effects in cluster deposition that contribute to increased surface 

roughness beyond what theoretical models predict. 

Notably, studies by Borghi et al. [10] report a  𝛽 ≈  0.4 for cluster-assembled films of 

gold, highlighting that the value is the same by using Ar or He as process gas. This 

value aligns closely with our results, reinforcing the consistency of ballistic deposition 

as the governing mechanism in cluster-assembled films. 

https://www.sciencedirect.com/topics/engineering/deposition-rate
https://www.sciencedirect.com/topics/engineering/linear-dependence
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Figure 5.18. Log-log plot of roughness vs. thickness; power law fitting returns an 

exponent value of 0.31, 0.41 and 0.46 for W, Ni and Pt, respectively. 

Despite the clear result on ballistic growth mechanism, it is matter of discussion to 

what extent ex-situ characterizations of morphological features at such level of detail, 

as the use of 𝛽 values from fit of surface roughness vs. thickness to decide about 

system dimensionality, are truly representative of in-vacuum dynamics leading to the 

formation of a film by metal clusters assembling. In fact, oxidation is expected to affect 

cluster’s structure, as discussed in detail in the following, and one can argue whether 

such changes could not weaken the link between ex-situ data and in-vacuum growth 

dynamics. Assuming that the link is valid is a rather strong hypothesis that implies 

constraints on the effects of oxidation on clusters morphology. 

Nevertheless, no matter the details of system dimensionality, to the purpose of this 

analysis is  the confirmation of a ballistic growth regime for cluster-assembled films 

brings important consequences: absence of clusters diffusion in the investigated 

thickness range, soft-assembling and related memory effect, and -above all-film 

porosity. In fact, this last allows assuming that air exposure and oxidation process 

occur on particles assembled in form of a porous film basically the same way of 
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isolated particles, making the comparison of collective results from XPS on films and 

localized results from TEM on single particles meaningful. By comparing direct AFM 

measurements of the thickness with bulk-equivalent values shown by QCM, average 

film porosity can be estimated around 70–80%.  

 

5.4 Oxidation of isolated metallic clusters and cluster-assembled films 

5.4.1 Cabrera-Mott oxidation model 

The oxidation of metallic nanoparticles involves a series of complex mechanisms 

influenced by factors such as particle size, structure, and the surrounding environment. 

At its core, the process involves the interaction between the metal's surface, oxygen, 

and the subsequent diffusion of ions through an oxide layer.  

The initial stages of oxidation typically begin with the adsorption of oxygen molecules 

on the nanoparticle surface, where oxygen dissociates and reacts with surface metal 

atoms to form an oxide. This oxidation involves the transfer of electrons from metal 

atoms, resulting in metal cations (𝑀2+) which diffuse toward the nanoparticle surface, 

while oxygen anions (𝑂2−) diffuse inward (Figure 5.19). In these early stages, the 

Cabrera-Mott theory provides a theoretical framework for describing the rapid 

formation of a thin oxide layer [109,110]. According to this model, an electric field 

develops between the metal cations and oxygen anions, driving the migration of metal 

ions outward and oxygen inward. The electric field significantly accelerates the initial 

oxidation process, but as the oxide layer thickens, this field diminishes, leading to a 

slower oxidation rate.  

https://www.sciencedirect.com/topics/materials-science/x-ray-photoelectron-spectroscopy
https://www.sciencedirect.com/topics/earth-and-planetary-sciences/microbalance
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Figure 5.19: Schematic representation of the oxidation mechanism in metallic 
nanoparticles. The diagram shows the formation of an oxide layer driven by the 
electrostatic field generated by electron transfer, leading to the diffusion of metal cations 
(𝑀2+) outward and oxygen anions (𝑂2−) inward, following the Cabrera-Mott model 
Taken from [111,112]. 

At the nanoscale, this oxidation process can proceed rapidly due to the increased 

surface area-to-volume ratio, making the oxidation kinetics highly dependent on 

particle size.  Smaller nanoparticles tend to oxidize more quickly due to the enhanced 

diffusion and surface energy effects. In many bulk metals, the oxide layer is 

passivating, meaning that it impedes further oxidation once a certain thickness is 

reached, but in nanoscale systems, the oxide layer often exhibits different properties, 

such as defects and vacancies, that can influence its passivating behavior. 

A common outcome of nanoparticle oxidation is the formation of core-shell structures, 

where a metal core is encased by an oxide shell [111,112]. As oxidation continues, the 

metal core gradually diminishes while the oxide shell grows. Oxygen continues to 

diffuse through the oxide layer to reach the metal core, and the process becomes 

increasingly diffusion-limited as the shell thickens. This core-shell formation is 

prevalent in metal nanoparticles such as indium and tin. 

In many cases, the diffusion of metal atoms and oxygen ions is not symmetric, leading 

to unique structural changes within the nanoparticle such as hollow structures due to 

the Kirkendall effect [111,113,114]. As illustrated in Figure 5.20, this phenomenon 

occurs when there is a significant difference in the diffusion rates of metal cations and 

oxygen anions through the growing oxide layer. Typically, metal cations diffuse 

outward at a faster rate than oxygen anions diffuse inward. This discrepancy in 

diffusion creates vacancies at the interface between the metal core and the oxide shell. 

Over time, these vacancies merge and form voids within the nanoparticle. As the 
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process continues, the metal core is gradually consumed, leaving behind a hollow 

structure encased in an oxide shell. 

 

Figure 5.20. Illustration of hollow nanoparticle formation through the Kirkendall effect. 
The outward diffusion of metal cations (𝑀) exceeds the inward diffusion of reactive 
species (𝑋), resulting hollow of nanoparticle. Taken from [111]. 

The following sections will discuss the structure and mechanism behind oxidation of 

isolated particles and cluster assembled films. 

5.4.2 The case of Sn: core-shell structures and intermediate oxides 

HRTEM images of very low coverage samples show tin NPs deposited by SCBD to 

have spherical shape with diameter in the range from few nm to around 20 nm. At 

larger coverage, NPs undergo coalescence phenomena leading to the formation of 

bigger units in which primeval particles are either completely melted or partially 

preserve their original identity, as visible in the distribution of intra-particle crystalline 

planes. Figure 5.21a and b show examples of HRTEM images, where spherical single 

particles as well as one deformed particle following coalescence phenomena are 

visible. We noticed that particles with dimensions smaller than around 10 nm have 

uniform grey shade while larger ones show darker core and lighter shell, the latter 

presenting a rather uniform thickness of about 4 nm, independently on particle size. 

Highly ordered crystalline planes are visible across the whole particles’ core, whereas 

shells appear to be amorphous. We suppose that core–shell structure stems from room 

temperature oxidation, taking place at the venting of deposition chamber and sub-

sequent exposure to atmospheric air, for which core is expected to be metallic tin while 

shell tin oxide. Top right insert of Figure 5.21b displays the Fast Fourier Transform 

(FFT) of an area located in the core of a particle, where spots pattern is ascribable to 

metallic 𝛽-tin with tetragonal structure. Given the thickness of the alleged oxide shell, 

particles smaller than about 10 nm -appearing of light grey uniform colour- are 
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supposed to be fully oxidized. We carried out elemental mapping (EDS-X coupled to 

STEM) that confirmed the expected distribution of oxygen and tin, as shown in Figure 

5.21c, where light green colour refers to oxygen-rich regions while red to tin-rich ones. 

It is worth noting that such compositional mapping shows smaller particles as identical 

in colour to shells of larger particles, suggesting their full oxidation. 

 

 

Figure 5.21. a) HRTEM image of Sn sample by SCBD, showing various spherical 
nanoparticles as well as an ovoidal one following partial coalescence. Core-shell 
structure is visible in larger particles, while smaller ones seem to have homogeneous 
structure. b) Same as a), where top left insert shows a zoom-in of the area within the 
orange dashed square displayed on the main image, while top right insert shows the FFT 
of this same area, indicating metallic β-tin with tetragonal structure (main spots are 
labelled with corresponding crystalline planes). c) Elemental map by STEM-coupled 
EDS-X of the same sample at lower magnification, showing oxygen-rich regions in green 
and tin-rich region in red. 

 

Aiming at further clarifying the crystalline nature of Sn nanoparticles, Selected Area 

Electron Diffraction (SAED) was carried out on cohorts of about one hundred isolated 

particles, in low-coverage samples like those ones shown in Figure 5.21a and b. 

Electron diffraction pattern (Figure 5.22) confirms FFT indications, as the signature of 

metallic tetragonal 𝛽-tin is identified. SAED experimental data of Sn nanoparticles by 

SCBD, summarized in Table 2, match well values of bulk metallic tin, therefore 

excluding major size-effects on crystallographic properties of metallic tin at such 

dimensions. No diffraction pattern ascribable to phases other than tetragonal metallic 
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𝛽-tin is visible, confirming that oxide phase of nanoparticles’ shell is amorphous, as 

suggested by HRTEM images.  

 

Figure 5.22. Electron diffraction pattern generated by a group of about one hundred 
isolated Sn particles from low-coverage samples. Radii of rings hosting diffraction spots 
are shown in the image, while complete crystallographic analysis is reported in Table 2. 

Table 2. Crystallographic analysis results and comparison with data of bulk metallic tin 
(PDF card 00-004-0673). 

1/d (nm-1) d (nm) Plane (h k l) dbulk (nm) 

3.36 0.2924 (2 0 0) 0.2915 

3.51 0.2801 (1 0 1) 0.2793 

4.76 0.2070 (2 2 0) 0.2062 

4.89 0.2008 (2 1 1) 0.2017 

5.92 0.1658 (3 0 1) 0.1659 

6.79 0.1481 (1 1 2) 0.1484 

 

 

https://www.sciencedirect.com/topics/materials-science/electron-diffraction
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TEM analysis has been carried out on samples with exposure to air limited to 10 min 

as well as on samples with more than one month exposure: both sample typologies 

showed the exact same traits, which suggested that room temperature oxidation 

process of tin NPs takes place on a few-minutes time scale at most, leaving afterwards 

a basically stable structure/composition. Albeit happening at room temperature, as 

mentioned in the introduction, NPs surface curvature and alleged large density of 

surface defects are elements promoting oxidation dynamics and accounting for 

reaching of stable configurations within a short timescale. XRD, XPS, and Raman 

spectroscopy data reported in the following are collected on samples experiencing 

about one month exposure to air, therefore fully stabilized with respect to oxidation 

process. 

As deposition proceeds, the condition of isolated particles gives way to the formation 

of a cluster-assembled film. Although cluster beam deposition typically preserves the 

identity of primeval clusters into the film, which is therefore characterized by a 

nanogranular structure, in the case of low melting point materials as tin this is 

questionable. In fact, the dissipation of clusters kinetic energy at the impact in 

combination with the reduced latent heat of fusion of tin NPs [93] is expected to favour 

coalescence, as indeed already discussed in Section 5.2.2, and the formation of a 

nanostructured film where original clusters and coalescence-induced larger structures 

coexist. 

Grazing incidence XRD characterization of samples having “bulk equivalent 

thickness”1 of 50 nm unveiled spectra dominated by metallic 𝛽-tin with tetragonal 

structure, space group I41/amd (Figure 5.23.), in agreement with FFT analysis of 

HRTEM images (Figure 5.21b) and SAED results (Figure 5.22); no other ordered 

phases are visible. Absence of peaks ascribable to oxide phases suggests that most of 

them are amorphous and prospective ordered oxide phases are below the limit of 

detection of the equipment. 

 

 

https://www.sciencedirect.com/science/article/pii/S0169433224005592?via%3Dihub#fn1
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Figure 5.23. XRD spectrum of cluster-assembled Sn film. Red bars show expected peak 
positions of tetragonal β-tin (space group I41/amd), which sample spectrum perfectly 
matches to. Main peaks are labelled with corresponding crystallographic planes. Peak at 
52 deg and bump at 55 deg are attributed to silicon substrate (Si label). 

An average size of crystalline domains has been calculated following a Rietveld Size 

-Strain Analysis and resulted to be >150 nm. Such value highlights the importance of 

coalescence phenomena among metallic tin NPs during SCBD. By comparing average 

crystallite dimension from XRD and “bulk equivalent thickness” from QCM, where 

the former is three times the latter, it can indeed be inferred that tin layers by SCBD 

grow in form of separated 3D islands, following coalescence phenomena, instead of a 

flat 2D film. Beside literature evidence about similar systems [115–117], island-based 

growth has been also recently confirmed by in-situ electrical transport experiments 

carried out onto cluster-assembled tin films, and related Atomic Force Microscopy 

characterizations [118]. 

Interestingly, intra-islands regions ensure effective exposure of the whole islands to 

oxidation process, while islands dimension from several tens up to more than one 

hundred nanometres ensure the existence of a “metallic reservoir” large enough to 

survive Cabrera-Mott oxidation process. In this respect, metallic Sn islands by SCBD 

represent a favourable architecture for the study of oxidation of tin nanostructures, as 

inner metallic core and outmost surfaces exposed to oxygen excess define two limit 

https://www.sciencedirect.com/topics/engineering/crystallite
https://www.sciencedirect.com/topics/engineering/quartz-crystal-microbalance
https://www.sciencedirect.com/topics/physics-and-astronomy/atomic-force-microscopy
https://www.sciencedirect.com/topics/engineering/nanometre
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conditions among which a complete oxidation gradient is expected to set, as 

schematically shown in Figure 5.24. 

 

Figure 5.24. Schematic representation of Sn islands formed by clusters coalescence in 
high vacuum, which subsequently undergo oxidation by air exposure. Islands cross 
section along dashed plane highlights the oxidation gradient, which is expected to form 
between metallic cores and outmost surfaces exposed to oxygen excess. 

XRD unveiled that crystallites are subjected to a micro-strain of (0.161 ± 0.005) %. 

Micro-strain can have several causes, including residual stresses, dislocations, 

vacancies, grain boundaries [119], and all of them can be induced or amplified by the 

three main phases of sample preparation: (i) gas-phase nucleation/growth of Sn 

clusters; (ii) clusters impact during film growth; (iii) oxidation process. The 

observation of a micro-strain value as low as 0.16 % resulting from the pile-up of all 

possible micro-strain causes mentioned above remarkably suggests that the three main 

phases of sample preparation have not a severe impact on them.  

Oxidation states of island-structured tin samples identical to XRD ones -in terms of 

thickness and oxygen exposure time- have been investigated by XPS. Core level Sn 

3d5/2 has been specifically analysed, unveiling the presence of all oxidation states, 

namely Sn0, Sn2+, and Sn4+, through their respective peaks, positioned at 484.7 eV, 

486.2 eV, and 487.1 eV (Figure 5.25a), in agreement with published results [120,121]. 

This confirms the observed core–shell structures to be made of tin metallic core and 

tin oxide shell, as deduced from TEM analysis. Since XPS depth of analysis in tin and 

tin oxide, estimated to be 6.9 nm with TPP-2 M equation [122], is larger than shell 

thickness, semi-quantitative comparison of Sn2+ and Sn4+ components of Sn 3d5/2 peak 

is allowed, and the ratio of the area of Sn4+ component over Sn2+ one returns 0.9. 

Although depth distribution of Sn2+ and Sn4+ oxidation states cannot be inferred, this 

https://www.sciencedirect.com/topics/engineering/complete-oxidation
https://www.sciencedirect.com/topics/materials-science/oxidation-reaction
https://www.sciencedirect.com/topics/engineering/cross-section
https://www.sciencedirect.com/topics/engineering/cross-section
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value anyway remarkably suggests that the two states are present with very similar 

abundance into oxide shell. 

 

 

Figure 5.25. a) XPS spectrum of Sn 3d5/2 core level, showing contributions from metallic 
tin (Sn0) and both oxidation states Sn2+ and Sn4+ at 484.7 eV, 486.2 eV, and 487.1 eV, 
respectively. b) Valence band analysis confirming results from core levels analysis. 
Dashed lines extrapolate to binding energy (BE) axis the edges of main structures 
centred at 5.2 eV and 2.9 eV, to estimate distance of valence band top of the two species 
from Fermi level EF, positioned at 0 eV. 

Due to the presence of several overlapped components, the analysis of oxygen O 1s 

peak is particularly challenging. In facts, in addition to the two oxide components of 

oxygen atoms bonded to Sn2+ and Sn4+, the observation of silicon in XPS survey scan, 

due to the accessibility of the substrate enabled by islands-like film structure (Figure 

5.24), introduces a third oxide component in O 1s peak, while the observation of 

adventitious carbon allegedly indicates the presence of various organic moieties, 

which might also include hydroxyl groups. In these conditions multi-peak fitting is 

untrustworthy, making O 1s peak poorly informative in regard to our discussion. For 

this reason, O 1s is not reported here. 

Valence band analysis confirmed outcomes of Sn 3p5/2 core level analysis, as spectral 

features ascribable to metallic tin (Sn), Sn2+O (SnO), and Sn4+O2 (SnO2) are visible 

(Figure 5.25b). Valence band spectrum is characterized by broad structures among 

which we focus on those ones centred at around 5.2 eV and 2.9 eV, as well as on 

plateau at 0.4–0.7 eV with edge reaching 0 eV on binding energy (BE) axis, i.e., 

https://www.sciencedirect.com/topics/materials-science/x-ray-photoelectron-spectroscopy
https://www.sciencedirect.com/topics/materials-science/oxidation-reaction
https://www.sciencedirect.com/topics/engineering/valence-band
https://www.sciencedirect.com/topics/engineering/fermi-level
https://www.sciencedirect.com/topics/engineering/spectral-feature
https://www.sciencedirect.com/topics/engineering/spectral-feature
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system’s Fermi level EF. The latter is the signature of metallic tin; the structure at 

2.9 eV stems from hybrid state of Sn 5s and Sn 5p and is attributed to SnO; while the 

structure at 5.2 eV stems from O 2p level and is attributed to SnO2 [123–125]. By 

extrapolating the edge of 5.2 eV and 2.9 eV structures to estimate the distance of 

valence band top levels of the two components from EF, values of 3.2 eV and 0.6 eV 

are obtained, respectively. Even if the structure of tin oxides valence band is still in 

itself subject of investigation, these values are consistent with a material composition 

hosting at the same time SnO2 and SnO (and metallic Sn) [126,127]. 

If on one hand the presence of both oxidation states Sn2+ and Sn4+ with similar 

abundance was clearly demonstrated by electron spectroscopy, on the other hand 

nothing can be said about their distribution along radial direction. Nevertheless, the 

presence of a metallic core and the exposure of particles’ topmost surface to oxygen-

rich atmosphere, suggest that an oxidation gradient might be expected, as already 

proposed in Figure 5.24, where oxygen abundant phase, i.e., SnO2, is predominantly 

present towards the surface, while SnO is predominantly present towards metallic core, 

according to Cabrera-Mott diffusion of oxidizing species. At this point, an intriguing 

question arose regarding the alleged presence of intermediate oxides within such 

oxidation gradient. In this respect, it is worth noting that intermediate oxides are 

actually made of a combination of the two oxidation states of Sn atoms (and related 

oxygen atoms): for instance, Sn3O4 is the short version for Sn2+
2O2Sn4+O2. 

As clearly pointed out by Eifert et al. [128], Raman spectroscopy provides substantial 

advantage in respect to XRD when dealing with the identification tin oxide phases, 

particularly intermediate ones. In fact, as it probes crystal dynamic properties, 

namely phonon profile, which strongly depend on local bonding structure and -in 

addition- is sensitive to the number of atoms per unit cell, Raman spectroscopy can 

distinguish among tin oxide phases even if their (static) structural units, which 

determine XRD, are very similar. In addition, being insensitive to metals, in the case 

of metal-core/oxide-shell structures Raman spectroscopy is expected to selectively 

collects information from oxide shells only (though, we argue that a synergic action is 

anyway played by nanoscale metallic cores in diffusing Rayleigh photons, thus 

improving Raman scattering yield). 

https://www.sciencedirect.com/topics/engineering/hybrid-state
https://www.sciencedirect.com/topics/materials-science/electron-spectroscopy
https://www.sciencedirect.com/topics/engineering/radial-direction
https://www.sciencedirect.com/topics/physics-and-astronomy/dynamic-characteristics
https://www.sciencedirect.com/topics/physics-and-astronomy/phonon
https://www.sciencedirect.com/topics/physics-and-astronomy/nanoscale
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Figure 5.26 shows Raman spectrum over a broad frequency range. In the low 

frequency region (up to 300 cm−1), we identify the two peaks expected for SnO (114 

and 209 cm−1), the peak expected for SnO2 (123 cm−1), but also several other intense 

modes at 140, 169 and 239 cm−1, which clearly demonstrate that an additional 

polymorph is present. We assign them to Sn3O4 based on the remarkable match with 

the frequencies calculated and experimentally observed by Eifert et al. [128] for this 

polymorph. The choice of an excitation wavelength of 442 nm, corresponding 

to photon energy of 2.8 eV, aligns well with the optical bandgap of Sn3O4 [129,130]. 

Consequently, a higher Raman yield can be expected from Sn3O4, which would make 

this phase particularly visible even if it might be present in small amount with respect 

to other phases. In high frequency region (expanded in Figure 5.26), modes are broader 

and assignments less conclusive in general, nevertheless observed features can be 

reconciled with the presence of SnO, SnO2 and Sn3O4. Table 3 summarizes the 

observed modes with their assignment to a phase, a mode symmetry, and their 

comparison with the computed/measured frequencies reported in [128]. 

 

Figure 5.26. Raman spectrum of cluster-assembled Sn film upon room temperature 
oxidation. Red bars show the vibrational modes ascribable to main oxide phases SnO and 
SnO2, as well as to intermediate oxide Sn3O4. Broad structure in the 400–800 cm−1 range 

https://www.sciencedirect.com/topics/engineering/photon-energy
https://www.sciencedirect.com/topics/engineering/raman-spectrum
https://www.sciencedirect.com/topics/materials-science/oxide-compound
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is expanded to favour identification of the various contributions. Full list of peaks is 
reported in Table 3. 

Table 3. Raman shift peaks assignment in comparison with theoretical and experimental 
data in [128]. 

Raman shift 

(cm−1) 

This work 

Phase Mode Raman shift 

(cm−1) 

Theor. [128] 

Raman shift 

(cm−1) 

Exp. [128] 

114 SnO E1g 115 115 

123 SnO2 B1g 129 (not detectable) 

140 Sn3O4 Ag 140 140 

169 Sn3O4 Ag or Bg 170, 172 170 

209 SnO A1g 217 211 

239 Sn3O4 Ag 247 238 

446 SnO/SnO2/Sn3O4    

626 SnO2 A1g 624 639 

 Sn3O4 Ag 632 627 

677 ?    

734 Sn3O4 Bg 718 700 

 

The clear observation of the Sn3O4 signature confirms this phase spontaneously forms 

upon oxidation of metallic Sn NPs at room temperature. We propose that the 

intermediate oxide Sn3O4 is located between SnO2 and SnO in NPs shell, along 
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inwards radial direction from NP surface to metallic core, as consequence of Cabrera-

Mott inward oxygen drift at room temperature. 

 

5.4.3 The case of Ni: hollow particles by Kirkendall effect 

The analysis of isolated Ni clusters by HRTEM and SAED unveils the massive 

presence of ordered phases. Several inter-plane distances were measured in real-space 

HRTEM images as well as deducted from reciprocal-space diffractograms, as shown 

in Figure 5.27. According to the literature and to crystallographic databases, inter-

plane distances confirm XPS results regarding the presence of metallic Nickel and 

NiO, in both cases in cubic phase (PDF numbers 01-089-1729 and 00-047-1049 

respectively) [131,132], as summarized in Table 4. On the contrary, unambiguous 

indications about ordered phases of Ni(OH)2 cannot be collected, suggesting that 

hydroxide is mostly present as amorphous phase. Regions where metallic Ni is 

identified are always surrounded by NiO, which protects the metallic core from further 

oxidation. Similarly to XPS, HRTEM analysis was accomplished more than one month 

after deposition, during which samples have been stored in atmospheric conditions. 

We therefore assume that any short- and mid-term oxidation dynamic has come to an 

end and the observed structures are stable in time. By transferring this result, obtained 

on isolated particles, to the cluster-assembled films, where metallic particles touch 

each other during film growth and can partially coalesce at the point of contact, we 

foresee that a metallic network interconnecting the majority of clusters composing the 

film could survive the oxidation process. In this case, we would deal with a 

topologically complex metallic conductor, whose charge transport properties worth to 

be investigated, the perspective of electrochemical and sensing applications. This will 

be discussed in CHAPTER 6. 
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Figure 5.27: a) TEM image showing the nanostructure of the material and highlighting 
the regions where direct measurements of crystalline spacing was performed 
(numbered white frames); top left inset shows the magnification of area 1 while top right 
one shows the Fast Fourier Transform (FFT) carried out on the entire picture, where 
dots related to metallic Nickel (002) symmetry are clearly visible. b) TEM image at lower 
magnification where SAED was carried out; top right inset shows the obtained diffraction 
pattern, where the main crystalline symmetries of metallic Nickel (green) and NiO (red) 
observed are reported. 

 

Table 4. Summary of results of crystallographic analysis carried out on HRTEM and SAED 
images, showing that the ordered phases identified are ascribable to metallic Ni and NiO 
only, both in cubic symmetry. Positions in first column refer to the labelled white boxes 
in Figure 5.27a; FFT method applied to the whole image refers to Figure 5.27a too. Data 
from diffraction-based method (SAED) applied to the whole image refer to Figure 5.27b. 

Position Method d-spacing 

[nm] 

Species hkl 

indexes 

d-spacing 

Ref. [nm] 

Error 

1 Direct 0.2184 Ni 002 0.2165 1.1% 

2 Direct 0.2178 Ni 002 0.2165 0.6% 

3 Direct 0.2253 Ni 100 0.2295 1.8% 

4 Direct 0.2068 NiO 200 0.2084 0.8% 

Whole 

Image 

FFT 0.2185 Ni 002 0.2165 0.9% 
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Whole 

Image 

SAED 0.2425 NiO 111 0.2407 0.7% 

Whole 

Image 

SAED 0.2096 NiO 200 0.2084 0.5% 

Whole 

Image 

SAED 0.1496 NiO 220 0.1474 1.5% 

Whole 

Image 

SAED 0.1217 Ni 103 0.1222 0.4% 

 

Interestingly, the presence of intra-particle ordered phases of Ni and NiO is observed 

although the deposition is done at room temperature and no post-deposition annealing 

step is performed. We suppose that the cubic phase of the particles’ metallic cores 

traces back to the original structure of the deposited clusters, before air exposure, 

which in turn forms inside the cluster source, during nucleation and growth following 

cathode sputtering by the high-energy pulsed electrical discharge (steps b and c in 

Figure 2.9). In addition, we suppose that the cubic phase of metallic Ni promotes the 

ordered growth of NiO shells during air exposure at room temperature, taking 

advantage of the release of the heat of formation of the oxide (240 kJ/mol). Grain 

boundaries within metallic clusters are expected to play a role in Ni cations diffusion 

feeding oxidation process at the surface and in the “path towards oxidation” followed 

by a specific particle, which in some cases leads to a fully oxidized particle while in 

other cases preserves a metallic core. Regarding the Ni(OH)2 outer shell, no evidence 

of ordered phases is identified and its amorphous nature is then proposed. We argue 

that the mismatch between the simple NiO cubic symmetry and the complex 

symmetries of the two mostly known polyforms of Ni(OH)2 (i.e. trigonal one and 

water-intercalating layers “turbostratic” one, named β and α respectively [133]) 

prevents triggering the growth of ordered Ni(OH)2 onto NiO. 
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Beside core-shell structures, it was noted that samples include several objects having 

contrast features in TEM images that are compatible with hollow structures, where a 

spheroidal shell surrounds a central void, sometimes rather irregular. White arrows in 

Figure 5.28a point to some of them. Figure 5.28b and c shows examples of HRTEM 

images where core-shell structures and hollow structures are contemporary observed. 

If on one hand the observation of hollow structures in not surprising, as in-line with 

the well-known behaviour of Ni nanoparticles undergoing oxidation upon the 

Kirkendall effect (according to which, outwards radial flow of metallic ions dominates 

on inwards flow of oxidizing species and the final result is indeed an oxide shell 

surrounding a void [134–138]), on the other hand in the samples here described the 

phenomenon takes place without the intervention of any high-temperature process. 

The coexistence of core-shell structures and Kirkendall hollow structures within the 

same dimensional range suggests that the spontaneous, room temperature reaction of 

metallic Ni nanoparticles with air can either get to a complete oxidation of the 

nanoparticle or end at some intermediate level, preserving a metallic residue. The 

particle dimension per-se seems not to be enough to define unambiguously the 

oxidation process outcome and, even if the fully oxidized configuration -either hollow 

or compact-is expected to be the thermodynamically favoured one, the very-slow 

kinetics due to room temperature in some cases can stop the oxidation process before 

completion. 

At this stage it is not possible to explain why in some cases the fully hollow structure 

is reached while in others it is not, apart from ascribing this to the variety of the 

structures of Nickel clusters -albeit their very similar dimensions-at the beginning of 

the oxidation process, for which some are more prone than others to complete it. We 

propose that this variety of cluster structures arises from the sudden, and likely out of 

equilibrium, “freezing” of gas-phase cluster growth due to supersonic expansion, 

before deposition (step d of Figure 2.9). This hypothesis may suggest considering 

SCBD as a way to prepare and deposit a complex ensemble of nanoparticles with 

similar ultrafine dimensions but different intra-particle structures, thanks to the 

freezing of metastable crystallographic configurations. 
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Figure 5.28: a) TEM image highlighting the presence of hollow structures (white 
arrows). b) c) HRTEM images showing in detail hollow structures as well as core-shell 
ones. Image b) is the same of the inset in Figure 5.27. 

From XPS survey spectrum (Figure 5.29), only Nickel (27.9 at.%), Oxygen 

(39.3 at.%) and Carbon (32.8 at. %) are present at the surface of the samples. No other 

contaminant than Carbon, attributed to adventitious carbon, nor the substrate 

contribution are detected. Even though XPS is well suited for the characterization of 

nanometric scale structures thanks to an analysis depth limited to 5–10 nm, identifying 

and quantifying Nickel-based phases (which can include metal phase, oxides and 

hydroxides) is challenging. Indeed, as for many transition metals, it has been 

demonstrated that chemical states cannot be represented by single contributions [139–

141]. Multiplet splitting resulting from shake-up and plasmon loss structures as well 

as inter-atomic and non-local coupling or screening effects must be considered 

[139,140]. Four relative maxima can be observed on the Ni 2p3/2 spectrum at 852.3 eV, 

854.0 eV, 855.7 eV and 861.0 eV that clearly reveal the presence of several Ni-based 

phases in the sample (Figure 5.29). Comparing to the reference spectra of NiOx 

samples published in literature [139,142–146], the first peak can undoubtably be 

attributed to metallic Ni. The next two maxima energy positions roughly correspond 

to NiO, however their intensity ratio is not in agreement with a pure NiO phase 

meaning that at least a third phase as Ni(OH)2 and NiOOH has to be considered as they 

both present a single and wide peak around 856.0 eV. The maximum observed around 

861.0 eV corresponds to satellites structures as previously described and should be 

taken into account for a better accuracy of the fitting. The Ni 2p3/2 experimental spectra 

of the cluster assembled samples has been reconstructed with a linear combination of 

reference spectra (Ni, NiO, Ni(OH)2 and NiOOH (γ-NiOOH and α-NiOOH)) extracted 
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from data published elsewhere [142]. Remarkably, Major et al. already published this 

fitting approach for nickel compounds [147]. The spectra line shapes of these reference 

samples have been depicted by Biesinger et al. with a set of peaks that has been used 

in the present work to draw the spectra of the various NiOx phases [142]. These spectra 

were recorded on reference materials with an Axis Ultra DLD equipment, with both 

the same acquisition parameters and spectra background removal method as the 

material investigated in this study. The spectra fitting parameters (i.e. FWHM, peak 

energy separation and relative intensities of the set of peaks) were strictly maintained 

constant so that the shape of each reference spectrum was fixed. Only the intensity and 

the energy position of these overall envelops, were allowed to vary to respectively 

determine the relative proportion of each phase in the film and to compensate for the 

eventual differential charge effects between the various phases or towards the 

adventitious carbon used for spectra energy calibration. Clusters are found to mainly 

consist of metallic Ni, NiO and Ni(OH)2 (nickel hydroxide), with atomic fractions 

around 20%, 45% and 35%, respectively. No NiOOH was found whatever the line 

shape considered, i.e. γ-NiOOH and α-NiOOH. 

Interestingly, we note that the Ni, NiO and Ni(OH)2 line shapes are respectively 

located at −0.4 eV, +0.0 eV and +0.8 eV of the position of the reference spectra of the 

bulk materials [147]. Since in poorly-conducting samples electron transfer from the 

substrate after the photo-ionisation process leads to a gradient in charge distribution, 

the potential across the section of clusters in the topmost layer can explain the observed 

energy shifts, suggesting that the species towards external environment is Ni(OH)2, 

which lies onto NiO, which in turn lies onto metallic Ni. 
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Figure 5.29. Ni 2p3/2 XPS spectrum of Nickel cluster-assembled films. The black line, the 
red and the grey dashed lines are the experimental spectrum, the fitting reconstruction 
and the Shirley background, respectively. The Ni 2p3/2 spectrum is curve fitted with 
reference spectra from bulk samples published elsewhere [142]. 

 

Even if a contribution to the oxidation of Ni clusters during the deposition by the 

1 × 10−7 mbar background gas cannot be excluded, NiO and Ni(OH)2 are supposed to 

mainly arise from spontaneous reactions due to air exposure at room temperature and 

atmospheric pressure. Referring to what is observed on flat surface of metallic Nickel 

exposed to the atmosphere, (i) oxygen dissociative chemisorption, (ii) oxide 

nucleation, (iii) lateral growth of NiO islands and (iv) islands coalescence steps are 

supposed to proceed also on Ni nanoparticles until a complete NiO layer passivates 

the metallic surface, while a subsequent reaction between the oxide layer and airborne 

water molecules leads to hydroxide formation [148–152]. Studies on planar surfaces 

report about the stability of the Ni–NiO–Ni(OH)2 configuration in air at atmospheric 

pressure, where the layer of oxide and hydroxide has a total thickness slightly above 

1 nm [149]. Clearly, the spheroidal shape of Nickel clusters of the present study -with 

particles dimensions of few nanometers-sets a substantial geometrical difference with 

respect to planar surfaces, and the high density of grain boundaries and crystalline 

defects, which favour the diffusion of species during the oxidation process, can 
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promote the metal-oxide interface formation and evolution [151,153,154]. 

Nevertheless, the observation of metallic Nickel surviving the oxidation suggests that 

in a fraction of particles the oxidation is not complete, and the presence of core-shell 

structures can be envisaged. 

Finally, regarding the link between ex-situ data on films morphology and in-vacuum 

growth dynamics mentioned in Section 5.3: assuming the validity of this link implies 

that the effect of oxidation on Nickel clusters structure reported above is not affecting 

the scaling law describing the collective morphology of the cluster-assembled films. 

This is a delicate point deserving to be further investigated through dedicated in-situ 

experiments. 

5.4.4 The case of W: oxidation gradients 

The XPS spectrum (Figure 5.30) indicates that 𝑊𝑂3 is the predominant oxidation 

state, with major peaks observed at approximately 35.6 𝑒𝑉 and 37.7 𝑒𝑉, 

corresponding to the 𝑊 4𝑓7 2⁄  and 𝑊 4𝑓5 2⁄  spin-orbit components of tungsten trioxide. 

This result is consistent with the high reactivity of tungsten under ambient conditions, 

where exposure to oxygen rapidly leads to the formation of a stable 𝑊𝑂3 layer on the 

surface. 𝑊𝑂3 is well-documented as the most thermodynamically stable phase under 

these conditions due to its complete oxidation state (𝑊6+)  [155–159]. 

In addition to 𝑊𝑂3, the spectrum reveals the presence of lower oxidation states, 

specifically 𝑊𝑂2 (𝑊4+) and 𝑊2𝑂5 (𝑊5+). The 𝑊𝑂2 peaks are located around 

34.1 𝑒𝑉 for 𝑊 4𝑓7 2⁄   and 36.3 𝑒𝑉 for 𝑊 4𝑓5 2⁄ , while 𝑊2𝑂5 peaks are observed near 

34.8 𝑒𝑉 and 36.9 𝑒𝑉 for 𝑊 4𝑓7 2⁄  and 𝑊 4𝑓5 2⁄ , respectively. These sub-stoichiometric 

oxides suggests that the oxidation process may have been incomplete or that some 

regions of the film are less oxidized [157–162]. 

A minor peak corresponding to 𝑊0 is also detected, indicating that some regions of 

the tungsten remain unoxidized. This peak appears around 31.5 𝑒𝑉 for 𝑊 4𝑓7 2⁄  and 

33.7 𝑒𝑉 for 𝑊 4𝑓5 2⁄  [157,159]. The persistence of metallic tungsten is likely due to 

limited oxygen diffusion into the innermost regions of the tungsten clusters or within 

densely packed grains where oxygen diffusion is significantly hindered.  
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The observed distribution of oxidation states across the tungsten cluster-assembled 

films suggests the presence of an oxidation gradient, heavily influenced by the 

nanostructured nature of the films. These films, formed through the soft assembly of 

tungsten clusters, exhibit a porous structure with varying grain sizes, contributing to 

non-uniform oxidation throughout the material. To further understand this oxidation 

gradient, it is helpful to compare it with the oxidation behavior of tungsten 

nanoparticles as detailed in recent studies. 

In the study by Arnas et al. [163], tungsten nanoparticles generated via conventional 

DC magnetron discharges developed a distinct core-shell structure after approximately 

46 days of air exposure. The cores of these nanoparticles, ranging from 15 to 30 nm, 

predominantly exhibited the 𝛽 − 𝑊 phase, surrounded by an amorphous oxide shell 

up to 6 nm thick. This core-shell configuration suggests an analogous oxidation 

behavior in the tungsten clusters or grains within the films. Just as the nanoparticles 

develop an oxide shell while maintaining a metallic core, the tungsten clusters in the 

films likely undergo a similar oxidation process, resulting in the formation of a 𝑊𝑂3 

surface layer while the core retains a lower oxidation state or remains metallic. This 

comparison provides valuable insights into the oxidation behaviour of cluster-

assembled tungsten films, and similarly to the cluster assembled tin films studied in 

this work [164], I propose an analogous oxidation mechanism characterized by an 

oxidation gradient evolving from metallic 𝑊, to 𝑊𝑂2, to 𝑊2𝑂5, to 𝑊𝑂3 resulting from 

room temperature exposure to air. 
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Figure 5.30: W 4f XPS spectrum of tungsten cluster-assembled films oxidized in air at 
room temperature. The deconvoluted peaks correspond to metallic tungsten (W, red), 
tungsten dioxide (WO2, W4+, orange), tungsten pentoxide (W2O5, W5+, yellow), and 
tungsten trioxide (WO3, W6+, purple). 

The observed oxidation gradient and the presence of multiple tungsten oxide phases 

within the film have significant implications for the material's properties. For instance, 

the mixture of WO3 with WO2 and W2O5 could result in a material with heterogeneous 

electrical properties. The residual metallic tungsten also suggests that the film could 

maintain some conductive pathways, which might be beneficial in applications where 

a balance between conductivity and oxidation resistance is required (this will be 

discussed in Section 7.2.3). 
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CHAPTER 6. IN-SITU ELECTRICAL TRANSPORT 

6.1 Percolation theory 

Percolation theory provides a fundamental framework for understanding the 

relationship between morphological characteristics and electrical conduction in 

nanogranular metallic films. This theory studies the formation conductive pathways 

within a system, , where elements, such as particles in a lattice, occupy specific sites, 

with each occupied site representing a particle. A percolation threshold is reached 

when these occupied sites create an unbroken pathway, establishing connectivity 

throughout the entire system [165,166]. 

The basic model in 2D Percolation Theory is the bond percolation model on a square 

lattice. In this model, each edge (or bond) between adjacent sites (or nodes) is 

randomly occupied with probability p or unoccupied with probability 1 − 𝑝. 

Alternatively, the site percolation model considers each site to be occupied with 

probability 𝑝 and unoccupied with probability 1 − 𝑝. Both models exhibit a critical 

threshold 𝑝𝑐  at which a giant connected cluster appears, spanning the entire lattice. 

This critical probability is central to the theory and determines the transition between 

a non-percolating and a percolating phase [167]. 

In the context of this work, percolation theory serves as a fundamental framework for 

elucidating the relationship between morphological properties and electrical 

conduction in cluster-assembled metallic films. By monitoring the electrical current 

and bulk equivalent thickness in situ, we can observe the evolution of electrical 

transport properties as a function of thickness or time. Figure 6.1 illustrates this 

behavior, highlighting three distinct regions: the insulator region, where sparse particle 

distribution prevents electrical current flow; the percolation region, where 

conductance increases sharply as a connected network of particles forms; and the 

continuous region, where high conductance is achieved through the progressive 

formation of continuous conductive paths. 
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The critical concentration of conductive particles, or percolation threshold 𝑝𝑐, is a 

pivotal factor in determining the onset of conductance. For a 2D lattice site percolation, 

this threshold is 59.27%. Near this threshold, the electrical conductivity G scales with 

the relation  

𝐺~(𝑝 − 𝑝𝑐)𝑡 (6.1) 

Where the exponent 𝑡 has a universal value and it dependents on the system's 

dimensionality [168]. 

When dealing with nanogranular metal films, the classical concept of geometrical 

contact, central to percolation theory, requires careful re-evaluation. While traditional 

percolation theory assumes that conducting particles are categorized either electrically 

connected, with finite inter-particle conductance, or entirely disconnected. This binary 

approach is suitable for composites with large conducting particles. However, in 

nanostructured materials with particle sizes limited to a few nanometers, this clear 

demarcation is less applicable. As metal particles come into contact, conductive 

pathways emerge, and reaching a critical coverage fraction of the conductive phase 

induces a notable rise in conductivity. This increase is driven by a combination of 

percolation within the evolving metallic network and electron tunneling across isolated 

particles. With further increases in the fraction of metal particles, tunneling or hopping 

effects diminish in importance compared to percolation [9]. 

 

Figure 6.1. Illustration of a percolation curve showing the evolution of conductance as a 
function of material thickness or time. Initially, isolated particles avoid electrical current 
flow. As thickness/time increases, the system reaches the percolation threshold, where 
conductive paths begin to form between particles. Beyond this threshold, conductance 
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rapidly increases, indicating the transition to the conductive regime, where a fully 
interconnected network is established. 

 

Figure 6.2a shows an example of raw data, namely electrical current across IDE and 

thickness deposited onto QCM, where the stepwise trend of both current and thickness 

depends on repeating movements (rastering) of the sample holder hosting IDE and 

QCM, in front of the cluster beam (already commented in Section 4.1.3). Cross 

correlation of current and thickness data accumulated at the end of each sweep (Figure 

6.2b) qualitatively shows the well-known behavior of electrical conduction of thin 

metallic films as a function of substrate coverage, where three distinct regimes are 

observed: (i) insulating phase, (ii) percolation phase, and (iii) three-dimensional 

conduction beyond percolation.  

 

Figure 6.2. (a) Example of raw data corresponding to Sn during in-situ measurement of 
deposited thickness and electrical current through the growing film; deposition rate is 
0.17 nm per rastering step. (b) Current as function of the thickness obtained by cross-
correlation of raw data values at the end of each rastering step. Dashed line shows 
background level due to noise inherent to the electrical readout setup.  

In the initial stage, the system exhibits an insulating behavior, indicative of isolated Sn 

NPs on the substrate. Due to noise inherent to the electrical readout setup, current 

measurements are reliable if larger than 10 pA (dashed line in Figure 6.2b). As 

deposition proceeded, current through IDE remains below background level for 

thickness smaller than 24 nm. The transition to the percolation phase is marked by a 

sudden onset in conductance upon reaching a particular deposited thickness value, 

slightly below 24 nm in this example, indicating the percolation threshold. From this 

https://www.sciencedirect.com/topics/chemical-engineering/deposition-rate
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point on, deposition causes nanoparticles to get each other into contact, creating a 

conductive network, where progressively more pathways are available for current to 

flow. Beyond the percolation phase, the electrical conduction exhibits a steady rise, 

although at a lower rate, indicative of the formation of a stable, three-dimensional 

conducting network, which grows in thickness as deposition proceeds. 

Section 6.2 will be focused on the electrical characterization at percolation in 

correlation of the aggregation mechanism occurring in the sub-monolayer regime, as 

discussed in Section 5.2. 

6.2 Electrical characterization at percolation 

6.2.1 High melting point materials: the cases of Ni, Pt and W 

This section presents the electrical characterization at the percolation threshold for Ni, 

Pt, and W, with a primary focus on Pt as the reference material. The analysis of Pt 

serves as a basis for understanding the percolation behavior in these high melting point 

materials. Where relevant, comparative discussions of the results for Ni and W will be 

introduced to emphasize material-specific differences and similarities in their 

electrical properties at the percolation threshold. These comparisons will provide 

insights into how variations in material properties, such as particle size and surface 

interactions, influence the percolation behavior of each material. 

In analogous way as in the example of Sn films described in Section 6.1, cross 

correlation of current and thickness data accumulated at the end of each sweep for Pt 

cluster assembled films (Figure 6.3), qualitatively shows the well-known behavior of 

electrical conduction of cluster assembled-films metallic films as a function of 

thickness. 
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Figure 6.3. In-situ conductance of cluster-assembled Pt films as a function of the 
thickness. Regardless of the deposition rate the onset occurs at a narrow thickness value 
of 1.3-1.8 nm. 

In the initial stage of deposition, the system remains in an insulating phase, where Pt 

clusters begin to interact on the substrate, forming early aggregates of nanoparticles. 

During this phase, the current measured across the interdigitated electrodes remains 

below the background level for thicknesses smaller than approximately 1.3 nm, 

indicating the absence of a continuous conductive path which avoids electrical current 

to flow. 

As deposition continues, a sharp increase in conductance signifies the transition to the 

percolation phase, occurring within a narrow thickness range of 1.3 to 1.8 nm. At this 

point, the deposited nanoparticles come into contact, forming an interconnected 

conductive network. As deposition progresses, more conductive pathways are 

established, facilitating larger current flow. Beyond the percolation phase, the 

electrical conduction continues to rise steadily, albeit at a slower rate. This phase 

indicates the formation and thickening of a stable, three-dimensional conductive 

network as deposition of clusters progresses. This will be discussed further in Section 

6.3. 

Samples were deposited at a repetition rate of 2 Hz and 4 Hz and there was no evidence 

to suggest that this parameter influenced the thickness at which percolation occurs, nor 

did it shift the percolation threshold to a different thickness value. Additionally, the 
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thickness range at which percolation occurs, closely matches the size of the 

nanoparticles (~2.0 nm), suggesting that the percolation threshold is directly linked to 

the dimensions of the particles.  

In comparative studies evaluating the conductance behavior of Ni and W as a function 

of bulk-equivalent thickness, the percolation onset in Ni films is observed at thickness 

values within the narrow range of 1.4-2.1 nm, similar to those of Pt films. W films 

exhibit a lower percolation onset, ranging between 0.7-1.0 nm. This trend also supports 

the idea that the percolation threshold is significantly influenced by factors such as 

material properties, particle size, and surface interactions, suggesting a correlation 

between the percolation onset and particle size. In support to these observations, 

studies by Yamamuro et al. [169] and Borghi et al.  [10], highlight that smaller particles 

are more effective in forming large, well-connected regions during film growth, 

reaching percolation at lower thickness values. Based on these reports and the trends 

observed in my results, it can be assumed that if the thickness at which the percolation 

onset occurs is slightly larger than the particle size, as observed in Pt and Ni, where 

the mean size of the particles are 2.0 and 3.9, respectively (see Section 5.1), this 

suggest that tungsten particles produced in this work are likely slightly larger than 1 

nm. 
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Figure 6.4. Electrical behavior at percolation for Ni (a) and W (b). Similarly to Pt films, 
the onset of conductance occurs at narrow thickness values regardless the deposition 
rate. 

Furthermore, the distinct behavior of the percolation onset, where deposition rate does 

not affect the thickness value at which the onset of conductance occurs, can be 

explained by the aggregation mechanism in the sub-monolayer, as was discussed in 

Section 5.2.1. Unlike what is observed in Sn, where primary particles coalesce upon 

contact, the high melting point materials studied in this thesis exhibit a different 

aggregation mechanism. In these materials, limited coalescence occurs, where 

particles form necks rather than fully merging. This results in a more complex film 

morphology in the sub-monolayer, characterized by dendritic-like structures that 

become increasingly complex as deposition progresses, confirming that the early 

stages of aggregation can be described by DDA. 

These dendritic structures further form percolation paths when surface coverage 

exceeds at least 60%, which contrasts with standard percolation theory. The fractal 

dimensions of 1.87 and 1.9 (a value of 1.9 is in fact indicative of percolation in 

fractals), calculated for Pt and W, at surface coverages of 63% and 71%, respectively 

(see Section 6.2.1), were obtained at bulk equivalent thicknesses of 1.2 nm for Pt and 

1.1 nm W, matching the values of the conductance onset. This suggests that the 

percolation process mechanism in these materials can be effectively modeled using the 

continuum percolation framework, which typically occurs at around 68% coverage. 
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6.2.2 Low melting point materials: the case of Sn 

As can be observed in Figure 6.5, the abrupt transition from insulating behavior to 3D 

conducting behavior, taking place at a thickness remarkably larger than particles 

dimension and within a thickness variation as small as about 1 nm, suggests that Sn 

clusters undergo coalescence (discussed in Section 5.2.2), forming electrically non-

connected 3D islands that grow due to the deposition of additional particles until the 

point when a minor amount of deposited material causes them to suddenly connect 

electrically. 

Aiming at investigating coalescence phenomena, we carried out TEM analysis on 

samples at a level of coverage causing clusters to get in touch each other. In these 

conditions, we observed that the primary and spherical Sn clusters merge into larger 

nanoparticles having shapes evolving from original spherical ones towards spheroidal 

and oblong shapes, reminding the junction of two or more particles (Figure 5.13a).  

The observations of coalescence phenomena of this study are consistent with the 

findings of S.A. Brown’s group, who has previously reported coalescence of Sn NPs 

during film growth by gas-phase aggregation system based on magnetron sputtering at 

room temperature  [170–172]. They successfully inhibited in-situ Sn NPs coalescence 

by forming an oxide shell during the deposition in vacuum by means of proper air 

injection through a needle valve. Such controlled partial oxidation during the 

deposition enabled them to reach the conduction onset at shorter times but with the 

conductance increasing more slowly. Even if enabling coalescence control, this 

oxidation-based approach obviously modifies the nature of the material. 

Departing from the fact that the onset of conductance can be varied by controlling the 

coalescence of Sn NPs, we carried out a series of experiments where we adjusted the 

deposition rate in the PMCS, by playing with the number of pulse repetitions in the 

range of 2-4 Hz. We supposed that a faster cluster deposition with respect to diffusion 

and coalescence dynamics might in fact create the condition for percolative paths to 

form in advance, i.e. at lower deposited thickness, while coalescence is still ongoing. 
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In-situ electrical measurements revealed that indeed a higher deposition rate shifts the 

percolation threshold at smaller thicknesses (Figure 6.5). 

 

Figure 6.5. In-situ conductance of cluster-assembled Sn films as a function of the 
thickness. Deposition rate from 0.17 to 0.32 nm per rastering step. As the deposition rate 
increases, the percolation threshold shifts towards lower film thicknesses, indicating the 
formation of the conductive network requires a minor amount of material. This suggests 
that different microstructures are formed. Dashed line shows background level due to 
noise inherent to the electrical readout setup. The applied voltage on the IDEs was 10 
mV for all experiments. Colors link data of this figure to data of Figure 6.8a. 

A close look at electrical current raw data shows that each step of current increase, due 

to IDE passing in front of the cluster beam, is followed by a slight decrease in current, 

taking place during the time IDE is not exposed to the cluster beam (Figure 6.6). This 

observation suggests that, while percolation phase is ongoing, particles coalescence 

can cause a partial loss of conductive pathways because a fraction of neighboring 

particles electrically connected are pulled apart when they coalesce with other 

particles. Assuming the variation (decrease) of the number of percolation paths 𝑑𝑛 in 

the time interval 𝑑𝑡 is proportional to the number of percolating path 𝑛 available at 

time 𝑡, i.e., 𝑑𝑛 = −
1

𝜏
𝑛(𝑡)𝑑𝑡, where 𝜏 has the meaning of a time constant, an 

exponential fitting can be applied to the decreasing part of each current step of Figure 

6.6. This analysis yields a time constant of 𝜏 = 11 ± 1 𝑠 , which is believed to 

represent a sort of characteristic time of the disruption of percolation paths due to 

coalescence dynamics. These current decreasing dynamics are very well perceivable 
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in high deposition rate experiments (as the one Figure 6.6 refers to), while are not in 

low deposition rate experiments. 

 

Figure 6.6. Raw data of in- situ electrical current measurements during film growth (high 
deposition rate case, 0.32 nm per rastering step). The inset highlights the slight 
decreasing of electrical current across IDE during the time interval when IDE is not 
exposed to the cluster beam. 

On one hand, as the deposition rate increases, the percolation threshold shifts towards 

lower film thicknesses, indicating that a minor amount of material is necessary for the 

formation of the conductive network. On the other hand, slower deposition rates shift 

the percolation threshold towards higher film thicknesses, which can be attributed to 

the increased time available for coalescence to favor the formation of 3D separated 

islands, thus delaying the creation of interconnected electrical pathways on the 

substrate. 

Interestingly, these results suggest that the deposition rate can have an important effect 

in the final microstructure of the films, as low deposition rate might favor more 

compact, 3D island wise film microstructure, while high deposition rate might favor 

more ramified, porous film microstructure. This observation can be understood by 

considering the time dynamics of cluster deposition and coalescence in determining 

the resultant morphology of the film. We suppose that at low deposition rate 
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conditions, the average time interval between the arrival of clusters is longer than the 

time required for coalescence to take place. Therefore, the process of formation of 

thermodynamically stabilized compact spheroidal shape prior the subsequent 

interaction with another deposited cluster tends to prevail. This leads to a dense and 

potentially more stable structure. In contrast, for samples grown at high deposition 

rate, the shorter average interval between successive cluster depositions might prevent 

coalescence process to complete: two nanoparticles do not have time to fully merge 

into a single compact shape before the arrival of the next cluster nearby, which -once 

in contact- makes energetically unfavorable the completion of ongoing coalescence, 

leading to the formation of a less-compact and more-ramified structure. 

In line with indications coming from in-situ electrical conduction, evidence of the role 

of deposition rate in determining film microstructure can be also inferred from size 

distributions of objects appearing in TEM images of samples having the same amount 

of mass (same bulk equivalent thickness) but deposited with different deposition rate, 

as shown in Figure 6.7. At a thickness of 3.2 nm (much smaller than primeval particle 

size, meaning low coverage and particles well separated each other), no relevant 

differences are visible in size distributions obtained at low and high deposition rates, 

the former operating the cluster source at 2 Hz repetition rate while the latter at 4 Hz 

(Figure 6.7a and Figure 6.7c). Bimodal character of these distributions has been 

already commented in regard to Figure 5.13. 
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Figure 6.7. Evolution of size distribution histograms of Sn NPs with amount of deposited 
NPs for low deposition rate (cluster source operated at 2Hz) and high deposition rate 
(cluster source operated at 4Hz), highlighting the different impact of coalescence. a) and 
c): Samples of same thickness (3.2 nm) obtained at low deposition rate (2 Hz) and high 
deposition rate (4 Hz) respectively, showing very similar bimodal distributions with 
small-size component of non-coalesced clusters and large-size component of coalesced 
particles centered around 18-20 nm. b) and d): same as a) and c) at larger thickness (6 
nm). Here differences among distributions appear, where high deposition rate one (d) 
unveils remarkably smaller objects than low deposition rate one (b). In all cases black 
curve reproduces lognormal fitting of small-size component keeping fixed fit parameters 
of Figure 5.2 fitting. 

When considering larger thickness (6 nm, Figure 6.7b and d), size distributions of 

samples obtained at low and high deposition rates differentiate. Sample obtained at 

low deposition rate, where coalescence is supposed to impact the most on film 

microstructure, shows a shift from 18-20 nm to 24-26 nm of the center of large-size 

component and a basically unchanged small-size component. Instead, sample obtained 

at high deposition rate shows a broad, unstructured size distribution positioned at 

remarkably smaller dimensions, as if coalescence process be somehow hampered. 
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Essentially, Figure 6.7 b and d show that given a certain amount of material deposited, 

low deposition rate generates larger and allegedly more compact island-like objects, 

while high deposition rate smaller objects allegedly arranged in a less compact, 

granular structure. An indirect though unambiguous confirmation of this picture is 

provided by oxidation experiments, discussed in Section 6.4. 

 

6.3 Resistivity evolution beyond electrical percolation. 

At the end of the percolation phase, which is characterized by a variation of the 

electrical current of several orders of magnitude within a thickness variation as small 

as few nanometers, the increasing trend of electrical conduction drops, indicating the 

beginning of the conduction phase dominated by 3D pathways network. As discussed 

in Section 6.2, in this phase conductance increase is still present due to further adding 

of material on topmost film surface, which contributes to develop the 3D pathways 

network, but the order of magnitude of conductance stabilizes at the same value, 

irrespectively of the deposition rate and of the position of the percolation threshold.  

Film resistivity can be calculated from conductance and thickness data, showing values 

for 3D conduction phase that are almost three orders of magnitude larger than the one 

of their bulk counterparts (Figure 6.8), in line with what observed in cluster-assembled 

films of other metals [9–11]. It is suggested that such deviation in respect to bulk lies 

in the nanoscale granular composition and highly defected nature of the cluster-

assembled films. It is worth noting that in the case of Sn cluster-assembled films, 

coalescence might reduce the density of defects compared to films made of materials 

with higher melting points. However, the tendency of Sn clusters to coalesce can result 

in the formation groups or regions of islands in ohmic contact that are barely 

interconnected with another groups, resulting in a reduced amount of material actively 

participating in the electrical conduction. 
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Figure 6.8. Resistivity of Sn, Ni, Pt and W cluster-assembled films in 3D conduction 
regime showing values almost three orders of magnitude larger than their bulk 
counterparts (dashed lines). This huge deviation is attributed to the nanoscale granular 
structure and defected nature of these films, alongside, in the case of Sn (a), the impact 
of cluster coalescence forming island-like structures, which reduce the amount of active 
material for electrical conduction. 

Similarly to what reported by Barborini et al. [11] in the case of Fe, Pd, Nb, W and 

Mo, also resistivity of cluster-assembled films of Sn, Ni, Pt and W in 3D conduction 

phase is not constant with respect to thickness increasing. As proposed, in 3D 

conduction regime interconnection between clusters of the upper-most layers 

progressively decreases contributing to the resistivity increase with thickness. Such 

progressive decrease of clusters interconnection is consistent with the model of 

ballistic growth characterizing films by SCBD. A power law 𝜌 ~ 𝑡𝛼, where  is the 

resistivity, t the thickness, and  the power law exponent, has been identified for all 

investigated metals Fe, Pd, Nb, W, and Mo, with exponent values between 0.41 and 

0.78. As shown in Figure 6.9, the films studied in this thesis exhibit a similar power-

law behavior with exponents 𝛼 of 0.96, 0.93, and 0.85-87 for Pt, Ni, and W films, 

https://www.sciencedirect.com/topics/engineering/nanoscale
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respectively. However, Sn films exhibited a somewhat lower range of exponents, 

between 0.76 and 0.78. 

 

Figure 6.9. Log-log plot of resistivity of the cluster-assembled films as function of 
thickness (same data of Figure 6.8), unveiling that a power law describes the behavior 
of resistivity and thickness. Data fitting returns power law exponent values α ranging 
from 0.76 and 0.96. 

 

 In nanogranular films, the incomplete coalescence of clusters results in a high density 

of grain boundaries. These boundaries act as strong scattering centers, significantly 

reducing electron mobility and contributing to the large increase in resistivity 

compared to bulk materials. This effect is well captured by the Mayadas-Shatzkes 

(MS) model [8], which describes how grain boundary scattering becomes more 

pronounced as the grain size remains small and the grain boundary density increases. 

As film thickness increases, additional factors contribute to the continued rise in 

resistivity. The surface roughness, which increases with thickness following a power-
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law characterized by the roughness exponent 𝛽, enhances electron scattering at the 

film surface. This mechanism is described by the Fuchs-Sondheimer (FS) model [4], 

where rougher surfaces lead to more diffuse scattering of electrons.  

 

Figure 6.10. resistivity exponent α vs. roughness exponent β for cluster-assembled films 
of Pt, Ni and W. The linear trend suggests that higher roughness exponents correlate with 
larger resistivity exponents, highlighting the influence of surface morphology on 
electrical properties. 

The correlation between the power-law exponents β (roughness) and α (resistivity) 

shows a relationship between surface morphology and electrical behavior of the 

different materials studied: Pt, Ni, and W films. As thickness increases, roughness 

grows following a power-law trend, and this increase in roughness can be linked to the 

rise in resistivity. Figure 6.10 shows the relationship between the power-law exponents 

β and α. The linear relationship between the two exponents highlights that the 

evolution of surface morphology plays a critical role in determining the electrical 

behavior of these cluster-assembled films, with larger growth exponents driving 

steeper increases in resistivity, suggesting that as roughness increases, it enhances the 

surface scattering, contributing to the observed resistivity evolution. 
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The overall resistivity behaviour of the films can be effectively modelled by a 

combination of surface and grain boundary scattering [173]: 

 

𝜌 = 𝜌0 (1 +
3𝜆

8𝑡
(1 − 𝑝)) + 𝜌0 (

3𝜆

8𝐷
(

𝑅

1 − 𝑅
)) (6.2) 

 

Grain boundary scattering, represented by the second term, accounts for the large 

deviation from bulk resistivity, while surface roughness (first term) contributes to the 

resistivity increase with thickness. While this combined model captures the key trends 

in resistivity, further refinement is needed to better understand the contributions of 

each scattering mechanism. 

In addition to grain boundary and surface scattering, porosity, which is approximately 

70−80%, plays a substantial role in further increasing the resistivity. The porous 

structure introduces numerous voids within the film, which effectively reduces the 

conductive cross-sectional area available for electron transport. This reduction forces 

electrons to traverse more complex paths to avoid non-conductive regions, which 

significantly disrupts direct electron transport. Moreover, porosity not only impedes 

this transport but also intensifies the effects of both grain boundary and surface 

scattering by extending the electron pathways and heightening the probability of 

scattering events at the remaining conductive regions.  

As the thickness of the films increases, the evolving morphology, particularly the 

decreasing interconnection between clusters in the upper-most layers, further limits 

electron transport. This behavior, consistent with ballistic growth, leads to fewer 

conductive pathways and an overall increase in resistivity. The diminishing 

interconnection between clusters, combined with the scattering effects of grain 

boundaries, surface roughness, and porosity, drives the resistivity behavior observed 

in these films. This highlights the complex nanoscale features and highly defected 

nature on the electrical properties of films assembled by metallic clusters 
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6.4 Impact of oxidation on electrical transport 

A confirmation of the hypothesis according to which deposition rate affects the 

microstructure of cluster-assembled Sn films is provided by the behavior electrical 

conduction during film oxidation. So far, all electrical measurements presented were 

collected in-situ, in high vacuum condition (<1 × 10−7 mbar). At the end of deposition, 

the venting of the chamber causes the exposure of the film to oxygen and its impact 

on electrical conduction can be monitored in real time. Figure 6.11 shows the 

conductance of films having the same final thickness of about 20 nm but obtained with 

different deposition rates. Interestingly, the conductance behavior of the two samples 

diverges significantly during the air exposure: the sample grown at a high deposition 

rate shows a decrease of conductance of almost two orders of magnitude during the 

first 80 min of air exposure, while the sample grown at a low deposition rate did not 

show any significant decrease in conductance within the same timeframe. 

 

Figure 6.11. Comparison of conductance behavior during air exposure of two samples 
grown at low and high deposition rate, 0.17 and 0.32 nm per rastering step, respectively. 
Data acquisition of blue curve was stopped after 10 min from venting and repeated as 
single measurements afterwards: no change was observed after 4 months. the 
completely different trend of the two samples suggests the former to be more compact 
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and maintaining the metallic character, while the latter to be more porous therefore 
mostly prone to oxidation. 

We speculate that this observation provides a clear indication of the diverse 

microstructures achievable by varying the deposition rate. A higher deposition rate 

promotes the creation of a porous and less densely packed structure, thereby 

facilitating the oxidation process due to increased surface area and structural 

irregularities. Conversely, samples deposited at a lower rate exhibit minimal changes 

in conductance, implying that oxidation is confined to the surface of their more 

compact, island-like structure. In these samples, metallic conductance persists 

throughout the monitored period and remains largely unchanged even after several 

months. 

6.5 Electrical transport before percolation 

The electrical properties of cluster assembled films, particularly their current-voltage 

(IV) characteristics, exhibit interesting behavior as the film transitions from a 

discontinuous, insulating state to a continuous, conducting state at the percolation 

threshold. Understanding the IV characteristics of these films, particularly before they 

reach the percolation threshold, is crucial for their applications in sensors, electronic 

devices, and catalytic systems. This section explores the IV characteristics of cluster-

assembled films before the percolation threshold. Before this threshold, the film 

consists of isolated clusters or small networks of clusters separated by small gaps, 

which leads to distinct electrical behavior compared to post-percolation films. 

 

https://www.sciencedirect.com/topics/materials-science/oxidation-reaction


 

 

129 

 

Figure 6.12. Illustration of electron tunneling in thin films, contrasting the continuous 
percolation paths in thicker films (top) with the discontinuous paths in thinner films 
(bottom). The continuous pathways in thicker films enable efficient electron flow, while 
the discontinuous paths in thinner films create barriers, affecting conductivity. Taken 
from [174]. 

 

6.5.1 Tunneling 

Tunneling current is a quantum mechanical phenomenon where electrons pass through 

an energy barrier that they could not cross under classical physics. This process is 

central to understanding charge transport in nanoscale systems, particularly in 

structures like metal-insulator-metal (MIM) junctions. Simmons' model [175], 

developed in the 1960s, provides a theoretical framework to describe tunneling current 

in such systems. 

The probability of tunneling depends on the thickness and height of the barrier. In 

MIM junctions, the tunneling current is highly sensitive to the barrier’s properties and 

the voltage applied across the junction. 

Simmons’ model describes the tunneling current (𝐼) in a MIM junction as a function 

of the applied voltage (𝑉), barrier thickness (𝑑), and barrier height (𝜙). The model 

assumes a rectangular potential barrier and uniform voltage drop across it. The 

tunneling current density 𝐽 is given by [175]: 
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Simmons’ model has been widely validated in various experimental setups, 

particularly in structures where tunneling dominates electron transport. Applications 

include tunnel junctions, scanning tunneling microscopy (STM), and memristive 

devices. However, the model assumes ideal conditions, such as a perfectly rectangular 

barrier and neglects real-world imperfections like barrier inhomogeneities or 

scattering. 

 

6.5.2 High melting point materials 

In order to perform the I-V measurements of the Ni, Pt, and W films, deposition was 

stopped before the onset of conductance.  

 

Figure 6.13. I-V characteristics near percolation at 1.3, 1.6 and 0.8 of nominal thickness 
for Pt, Ni and W films, respectively. The three cases show a non-ohmic trend, indicating 
tunnelling as the primary transport mechanism. 

The current-voltage (I-V) characteristics of cluster-assembled metallic films (Pt, Ni, 

and W) with nominal thicknesses of 1.3 nm, 1.6 nm, and 0.8 nm, respectively, exhibit 

nonlinearity, indicating tunnelling as the primary transport mechanism. In these films, 

near the percolation threshold, electron conduction occurs through tunneling between 

isolated dendritic islands, where gaps act as barriers. The field-dependent nonlinear 
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current response confirms the discontinuous nature of the films, with charge transport 

governed by quantum tunneling across nanoscale gaps. This tunneling behavior is 

consistent across all three materials, highlighting their similar conduction mechanisms 

in this regime. 

The absence of hysteresis in the I-V curves of cluster-assembled Pt films (Figure 6.14), 

even with the applied voltage sweep up to ±50 V, indicates that the tunneling 

mechanism is stable and unaffected by structural changes. This stability is notable 

because, at the tunneling gaps (typically sub-nanometric) between metallic islands, 

electric fields in the range of 10–50 V/nm should be sufficient to induce effects such 

as electric field-induced surface diffusion (EFISD) and/or electric field-induced 

evaporation (EFIE) [60]. In metals, EFISD typically occurs at field strengths around 

1–20 V/nm, where surface atoms on metallic islands can migrate, potentially altering 

the tunneling distance. Similarly, EFIE can occur at even higher fields, around 30–50 

V/nm, where atoms might be ejected from the surface, further changing the structure 

of the tunneling paths. 

The absence of hysteresis due to the structural stability observed in the Pt films during 

the I-V sweep is similarly reproducible in the Ni and W films, confirming that electron 

tunneling between metallic islands remains stable and consistent across all three 

materials. This stability can be explained by the complex percolation tunneling 

network, which comprises numerous parallel and series tunnelling paths. In such a 

network, even if slight modifications occur in individual tunneling paths due to EFISD 

or EFIE, the overall conduction remains unaffected. The numerous pathways within 

the device compensate for these changes, and the robust connectivity between metallic 

islands ensures that small structural changes are absorbed by the network as a whole, 

maintaining stable and reversible tunneling behavior without hysteresis. 

Furthermore, as shown in Figure 6.14 (b) for the case of Pt films, increasing the 

nominal thickness from 1.7 nm to 1.9 nm, and then 2.0 nm, leads to a corresponding 

increase in the overall current in the I-V curves. This increase is expected, as additional 

material enhances the connectivity between metal islands, allowing more efficient 

charge transport. However, the persistence of nonlinearity in the IV characteristics 

indicates that, even at these nominal thicknesses, the films remain near the percolation 
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threshold, with conductance still dominated by tunneling rather than transitioning to 

ohmic conduction. This suggests that the additional material increases the complexity 

of the tunneling network, rather than fully bridging the gaps between the metallic 

islands. Although not shown here, similar behavior is observed in Ni and W films. 

Additionally, these observations suggest that the onset of conductance analyzed in 

Section 6.2 correspond to percolation with tunneling [176], allowing conduction even 

when no continuous pathway exists, since quantum-mechanical tunneling allows 

electrical trans-port even before onset of percolation. 

 

 

Figure 6.14. Semi log I-V plot of Pt films (a) showing stable, non-hysteretic tunneling 
behavior. (b) With increasing nominal thickness, the IV characteristics show higher 
overall current due to added material. The persistence of nonlinearity indicates that 
tunneling remains dominant, as the film approaches but does not fully reach percolation. 

Although the Simmons model can provide a general framework for interpreting the I-

V characteristics in tunneling junctions, the model is based on the concept of a 

uniform, continuous tunnelling barrier, typically applied to describe electron transport 

in systems like metal-insulator-metal junctions. In cluster-assembled films near the 

percolation threshold, the situation is far more complex. The transport mechanism 

involves tunnelling across a network of metallic islands separated by irregular, non-

uniform gaps, where the barrier heights and tunnelling distances vary significantly. 

This variability in the tunnelling paths, combined with the percolation nature of the 

network (comprising numerous parallel and series paths), introduces a level of 
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complexity that the Simmons model cannot capture. As a result, while the I-V 

characteristics may follow a general nonlinear trend similar to that predicted by the 

Simmons model, the constants derived from fitting do not have physical relevance. 

The model oversimplifies the reality of the inhomogeneous tunnelling barriers, leading 

to discrepancies in the calculated parameters. Therefore, a more refined model is 

needed to account for the varying geometries and tunnelling conditions across the 

network, which lead to the nonlinear I-V behavior observed in these films. 

6.5.3 Low melting point materials 

6.5.3.1 Coalesced particles 

As described in Section 6.2.2 percolation threshold can be shifted lo larger values 

when coalescence dynamics is faster than the arrival of newly particles. Clusters were 

deposited intentionally at a low deposition rate until reaching a thickness of ~27 𝑛𝑚. 

This deposition process allowed the initial clusters to coalesce into larger particles. 

(see section 5.2.2). The I-V measurements were conducted within voltage ranges of 

±1V, ±2V, and ±4V, under vacuum conditions and at room temperature. 

 

Figure 6.15.. I-V characteristics of Sn films (~27 nm thick) composed of coalesced 
nanoparticle islands, showing non-ohmic behavior with a systematic decrease in current 
magnitude with subsequent I-V measurement, indicating a voltage-induced modification 
of the film’s morphology. 

 

Initial I-V measurements exhibited a clear non-ohmic behavior, characterized by a 

non-linear increase in current as the applied voltage varied from -1V to 1V. The current 

ranged from -7 nA to 7 nA, forming a symmetric and continuous curve around the 
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origin. This non-linearity suggests quantum tunneling effects, where electrons tunnel 

through potential barriers present in the gaps within the Sn cluster network. The I-V 

curve was reproducible across repeated measurements within the same voltage range, 

indicating stability of the films under the applied bias. 

Extending the voltage range to ±2V and ±4V further highlighted the non-ohmic 

behavior. While the I-V curves remained symmetric and repeatable (in the same 

voltage range), an interesting observation was the systematic decrease in overall 

current magnitude at higher voltages. For instance, the current at 1 V during the ±2 V 

measurement was lower than that observed during the initial ±1 V range. This trend 

continued when extending to the ±4 V range. This decrease in current with increasing 

voltage suggests changes in the morphology of the tunneling gaps, marking a 

difference with the case of high-melting point materials.  

The consistent non-ohmic behavior and voltage-dependent current reduction can be 

explained by considering tunneling mechanisms and the influence of electric fields. In 

Sn cluster-assembled films, electrons can tunnel through potential barriers formed by 

gaps or regions between clusters. However, in previous chapters it was demonstrated 

that coalescence can affect the formation of tunneling path through the network The 

probability of tunneling is highly sensitive to the barrier width and height, which can 

be affected by the applied voltage.  

Recent studies have demonstrated that strong electric fields can induce nanoscale 

evaporation-like processes, known as electric field-induced evaporation (EFIE). 

Specifically, the threshold values of EFISD and EFSE reported for Sn are ~1 𝑉 𝑛𝑚⁄  

and ~25 𝑉 𝑛𝑚⁄  [170,171], respectively. This phenomenon could effectively enlarge 

gaps between nanoparticle networks, increasing the barrier width and reducing 

tunneling current i.e. the electric field at higher voltages likely causes partial 

evaporation or migration of surface atoms, leading to reduced tunneling probabilities 

and thus lower currents. EFIE could play a significant role in the more pronounced 

current reduction observed at higher voltage ranges. 

Additionally, the experimental data in Figure 6.15 exhibits similarities to the report by 

Sotthewes et al. [177] on scanning tunneling microscopy, where increasing the gap 
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width between the tip and sample results in a decrease in overall current. This further 

reinforces the notion that the enlargement of gaps between clusters due to electric field 

induced is a contributing factor to the observed current reduction. 

 

6.5.3.2 Small particles 

Clusters were deposited intentionally at a high deposition rate until reaching a 

thickness 10 nm, indicating that the initial clusters underwent limited coalescence.  

One of the first observations was that, in contrast to networks formed by coalesced 

particles, the I-V curves were not always repetitive at the same voltage range, as can 

be observed in Figure 6.16. This behavior suggests a more complex conduction 

mechanism in Sn films with regulated coalescence. Initially, the I-V measurements 

were conducted in the range of ±1V. The first performed I-V curve (in blue) ranged 

from approximately -10 µA to 10 µA. In a consecutive I-V measurement within the 

same voltage range (in green), an increase in conductance was observed (-15 µA to 15 

µA), suggesting a modification of the tunnelling gaps. Extending the voltage range to 

±3V (in orange) resulted in an even larger increase in conductance further confirming 

a modification of the tunnelling gaps within the film, contrasting with the previous 

case of coalesced particles where the increasing of voltage range in the I-V curve 

resulted in a decreasing of the current. 
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Figure 6.16. I-V characteristics of Sn films below 10 nm displaying evident non-linear 
behavior and conductance switching which becomes more evident as voltage range in 
the I-V is increased. This behavior will be further discussed in Section 7.2.1. 

The observed conductance modulation to higher conductance values with successive 

voltage applications, align with the study by Bose et al. [171] on stable self-assembled 

atomic-switch networks for neuromorphic applications. They investigated Sn 

nanoparticle networks with a controlled oxidized shell, observing non-linear current-

voltage characteristics suggestive of quantum tunnelling. Similarly, they observed 

conductance modulation with successive electric field applications. This conductance 

modulation can be explained by the voltage application inducing Electric Field 

Induced Evaporation (EFIE) and Electric Field Induced Surface Diffusion (EFISD) of 

the surface atoms, thus forming some kind of hillock that reduces the width of the 

tunneling gaps which is mainly observed in films composed of islands below 20 nm 

[176].  

6.5.4 Fowler Nordheim tunneling  

Fowler-Nordheim (FN) tunneling is a quantum mechanical process that occurs under 

high electric fields (Figure 6.17(b)), where electrons tunnel through a triangular 

potential barrier in a metal-insulator-metal (MIM) junction. In contrast, at lower fields, 

direct tunneling dominates, where electrons tunnel through a more rectangular barrier. 
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Understanding the transition between these regimes and the resulting current-voltage 

behavior is significant in characterizing tunneling in nanoscale devices, such as 

memristors and tunneling diodes [177–179]. 

 

Figure 6.17. Energy band diagrams depicting (a) Direct tunneling through a rectangular 
barrier at low voltage. (b) Fowler-Nordheim tunneling through a triangular barrier 
under a strong electric field. Taken from [180]. 

Direct tunneling: At lower voltages, direct tunneling occurs when the potential barrier 

remains nearly rectangular. The current density for direct tunneling 𝐼 is given by: 

𝐼 ∝ 𝑉𝑒𝑥𝑝 (−
2𝑑√2𝑚𝜙

ℏ
) (6.4) 

 

Fowler-Nordheim:  In FN tunneling, a strong electric field distorts the potential 

barrier into a triangular shape, reducing the barrier thickness and facilitating electron 

tunneling. The current density  𝐼 for FN tunneling is expressed as: 

𝐼 ∝ 𝑉2𝑒𝑥𝑝 (−
4𝑑√2𝑚𝜙3

3ℏ𝑒𝑉
) (6.5) 

The transition between direct tunneling and FN tunneling occurs at a specific voltage 

𝑉𝑡, where the potential barrier changes from rectangular to triangular due to the applied 

electric field. This transition is observed on the FN plot, where the curve shifts from a 

nonlinear region at low fields (dominated by direct tunneling) to a linear regime at 

higher fields, characteristic of FN tunneling. 
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In practical terms, 𝑉𝑡 is identified as the voltage at which the plot of ln(𝐼 𝑉2⁄ ) vs.  1 𝑉⁄  

becomes linear, then FN tunneling is expected to dominate. Below 𝑉𝑡, slope rises 

exponentially, direct tunneling is thought to occur. 

This can be summarized as: 

 

ln (
𝐼

𝑉2
) ∝ {

ln (
1

𝑉
)           (𝑉 < 𝑉𝑡) : 𝐷𝑖𝑟𝑒𝑐𝑡 𝑡𝑢𝑛𝑛𝑒𝑙𝑖𝑛𝑔 

−
1

𝑉
             (𝑉 > 𝑉𝑡): 𝐹𝑁 𝑡𝑢𝑛𝑛𝑒𝑙𝑖𝑛𝑔     

(6.6) 

 

Error! Reference source not found. and Error! Reference source not found. show 

the FN analysis for Pt (high-melting-point) and Sn (low-melting-point) materials, 

respectively. In the case of Pt films, the FN plot shows a logarithmic curve, 

characteristic of direct tunneling. The absence of an inflection point in the FN plot 

indicates that direct tunneling is the dominant mechanism for electron transport across 

the entire voltage range up to 50 V, with no transition to FN tunneling. This behavior 

is consistent with the findings from Ebrahimpour et al. [181] in their study of gold 

nanoparticle films, where no transition to FN is observed even at voltages of 200 V 

due the presence of numerous tunnelling paths maintained stable direct tunnelling 

across a wide voltage range.  However, a notable change occurs when the films are 

annealed. As the inter-particle distance increases due to coalescence during annealing, 

the number of available tunnelling paths is reduced, and the films exhibit a clear 

transition from direct to FN tunnelling. In Pt films produced in this work, the absence 

of FN tunnelling confirms that their structure, with numerous tunneling paths, is robust 

enough to maintain direct tunneling even under high electric fields. This highlights the 

critical role of the dendritic-like 2D film morphology and the availability of tunnelling 

paths play in determining the dominant electron transport mechanism. 
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Figure 6.18. Fowler Norheim plot corresponding to the IV characteristics of Pt films near 
percolation in Figure 6.13 (a). The absence of an inflection point indicates the absence of 
FN tunnelling. 

 

 

Figure 6.19. Fowler–Nordheim plots of a selected set of I-V’s, corresponding to Figure 
6.15.  (b) and (c) show transition voltages at 1.6 and 2.5, for consecutive I-V’s of 2 Vand 
4 V, respectively, indicating the shift from direct to FN tunneling. 

 

The analysis of Sn films, where the structure is influenced by coalescence, 

demonstrates a clear transition from direct to FN tunneling at lower voltages, with Vt 

observed at approximately 1.2 V and 2 V in the 2-volt and 4-volt IV’s, respectively. 

This shift in Vt can be linked to the enlargement of the tunneling gap induced by the 
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increased applied electric field (as discussed in Section 6.5.3). As the tunneling gap 

widens, the likelihood of direct tunneling decreases, since direct tunneling is primarily 

distance-dependent, where electrons can tunnel through a thin potential barrier. When 

the barrier thickens with increased gap width, the probability of direct tunneling falls 

exponentially. Consequently, a stronger electric field is required to transition to FN 

tunneling, where the barrier shape becomes triangular under the field's influence, 

enabling electrons to "field emit" through the barrier.  

The shift in Vt due to gap increase aligns with previous findings. Beebe et al. [179] 

reported that in metal-molecule junctions, as the tunnelling gap widens, the transition 

voltage shifts upward. This occurs because the increased gap leads to a thicker 

tunnelling barrier, making direct tunnelling less probable and requiring a higher 

electric field to transition to FN tunnelling. Similarly, Xiang et al. [182] found that in 

nanoelectrode junctions, FN tunnelling dominates as the energy barrier decreases at 

shorter tunnelling distances. However, as the gap width increases, the field required to 

overcome the barrier increases, shifting Vt to higher values. This supports the idea that 

the tunnelling distance directly influences the transition to FN tunnelling.  

Furthermore, Sotthewes et al. [177] demonstrated that in ultra-high vacuum scanning 

tunnelling microscopy (UHV-STM) junctions, Vt increases with widening tunnelling 

gap, requiring a stronger electric field to enable FN tunnelling as the barrier thickens. 

Their findings highlight that Vt is not solely determined by barrier height, but it is also 

sensitive to other factors, such as the tunneling distance. This correlation underscores 

the importance of gap width in electron transport mechanisms, aligning with Sn films 

in this work, where similar shifts in Vt were observed with changes in tunnelling 

distance by field-induced gap modification. The transition at low voltages from direct 

to FN tunneling observed in Sn films also corroborates that much less tunneling paths 

contribute to the electron transport in comparison to high melting points materials. 
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CHAPTER 7. PERSPECTIVES 

7.1 Bimetallic clusters and chemiresistive gas sensing 

7.1.1 Synthesis of bimetallic atomic clusters 

In PMCS bimetallic atomic clusters can be produced using two primary approaches: 

either a single target containing both metallic species at specified ratios and two-

electrode configuration where the individual metals are vaporized separately. Though, 

complex configurations in other sources exist by using custom made targets or two 

target configurations to determine the atomic ratio, have been widely employed to 

ensure efficient co-deposition and mixing of the metals in the gas phase.  

In this thesis, bimetallic Pt-Sn clusters were produced using two distinct methods. 

First, a sintered target containing both Pt (10 at%) and Sn (90 at%) was employed to 

ensure the formation of well-mixed atomic vapor (Figure 7.1a). The second method 

was a two-electrode configuration, in which Pt and Sn were vaporized close to each 

other (Figure 7.1b). This approach was designed to increase the proportion of Pt in the 

vaporized material, allowing for a direct comparison with the results from the single 

sintered target. 
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Figure 7.1. (a) Composite cathode containing Pt (10 at%) and Sn (90 at%). (b) Two-
electrode configuration for the production of Sn-Pt nanoparticles, where the interface of 
the cathodes was fixed in the sputtering region. 

 

Furthermore, the relationship between surface energy and particle size is critical in 

controlling nanoparticle formation, as shown in Figure 7.2. Metals with higher surface 

energies typically form the core of bimetallic structures, while metals with lower 

surface energies tend to migrate to the surface, leading to core-shell configurations. In 

larger particles, this surface energy differential becomes more pronounced, leading to 

well-defined phase segregation or layered structures. 

Understanding the surface energy dynamics and nucleation mechanisms during gas-

phase synthesis provides insight into how to control the structural evolution of Pt-Sn 

nanoparticles, enabling their use in applications requiring specific elemental 

distribution and morphological properties. 
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Figure 7.2. (a) Schematic phase diagram showing regions of liquid immiscibility and 
core-shell formation regimes, (b) Relative surface energies of metals from groups 3-12, 
where higher surface energy elements (blue) tend to form the core and lower surface 
energy elements (red) form the shell, (c) Core-shell formation concept indicating how 
particle size and surface energy determine structural outcomes. Taken from [183]. 

 

In the first case, Pt-Sn nanoparticles were synthesized using a sintered target 

containing Pt and Sn. Elemental mapping by EDS (Figure 7.3) of the resulting 

nanoparticles revealed that Pt atoms were relatively dispersed throughout the Sn-rich 

particle. This distribution can be attributed to the nucleation, and condensation of an 

initial well-mixed vapor of both metals in the gas phase, which facilitates atomic 

integration. 

Although elemental mapping revealed that while Pt was generally spread throughout 

the Sn matrix, in some cases a distinct trend of Pt migrating toward the core of Sn-rich 

particles was observed. This suggests that Pt diffuses through the Sn particles, driven 

by surface energy minimization. Due to its higher surface energy (~2.49 J/m²), Pt seeks 

energetically favourable positions in the core, while Sn, with its lower surface energy 

(~0.72 J/m²), remains more concentrated at the outer regions [183,184]. This inward 

diffusion of Pt through the Sn matrix results in a core-shell-like structure, where Pt 

gradually localizes at the core. 
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Additionally, the rapid cooling during gas-phase synthesis significantly influences the 

final structure. Although the initial vapor phase is well-mixed, the fast-cooling rates 

trap Pt atoms in non-equilibrium positions throughout the Sn-rich particles, preventing 

full segregation to the core. This kinetic trapping contributes to the observed particle 

distribution and helps explain the incomplete phase separation seen in some particles. 

 

Figure 7.3 Elemental analysis by STEM-EDS of the Sn-Pt composite cathode, showing a 
generally uniform Pt (red) distribution within the Sn (blue) matrix, with some instances 
of Pt migrating toward the core, as Pt, with higher surface energy, diffuses inward, while 
Sn remains concentrated at the surface. Oxygen is shown in green. 

 

In the second case, Pt and Sn were sputtered from a two-electrode configuration, 

Elemental mapping of the nanoparticles produced in this configuration exhibited clear 

phase segregation, suggesting that the two metals nucleated separately, forming 

primeval particles reminiscent to the pure Sn and Pt cluster formation, although partial 

mixed phases are also observed. 

Upon deposition on the substrate, primeval Sn and Pt segregated particles can diffuse 

and meet. This interaction can lead to the “encapsulation” of Pt by Sn, forming core-

shell structures post-deposition. The mobility of Sn allowed it to migrate and form a 

shell around the Pt clusters, driven by the surface energy differential between Pt and 

Sn. Pt, with its higher surface energy, tended to migrate toward the core, while Sn 

stabilized the outer surface of the particle, reducing the overall system energy. This is 
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consistent with previously observed behaviours in gas-phase synthesis, where 

substrate interactions play a role in final particle morphology, specifically, Vernieres 

et al. [185] report the wetting of Au particles on Fe particles, thus forming Au-Fe core-

shell structures. It is also important to note that in my experiments core-shell formation 

may not only occur post-deposition but could also arise during the gas-phase synthesis. 

 

 

Figure 7.4. Elemental STEM-EDS mapping of Pt-Sn nanoparticles synthesized from 
separate precursors, displaying clear phase segregation with distinct Pt-rich (red) and 
Sn-rich (blue) regions, with oxygen (green) also indicated. Core-shell structures appear 
as Sn encapsulates Pt clusters upon deposition, while Pt satellites form from Pt clusters 
adhering to Sn surfaces without full integration. 

In addition to core-shell structures, Pt satellites are frequently observed. These 

satellites are alleged to result from the interaction of Pt clusters with coalesced Sn 

particles on the substrate, where Pt remained attached to the Sn surface but did not 

fully integrate into the Sn matrix, as the Sn particles reduced their surface energy due 

to the previous coalescence. 

The differences between the two precursor methods highlight the critical role of 

nucleation dynamics, surface energy and post-deposition interactions. In the composite 

precursor case, the initial mixing of Pt and Sn atoms in the vapor phase facilitated co-

nucleation, resulting in particles with better atomic mixing. Furthermore, rapid cooling 
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prevented segregation of Pt migrating to the core. This further highlights the impact of 

non-equilibrium conditions on the structural outcomes of these nanoparticles. 

In the separate precursor method, the segregation of Pt and Sn is more evident, likely 

due to independent nucleation, but some mixed phases are also observed. The 

interaction between Pt and Sn particles on the substrate on determining the final 

morphology, with some core-shells or Pt satellites attached to coalesced Sn particles.  

These results underscore the importance of precursor configuration, particle size, 

surface energy minimization and miscibility in determining the final nanoparticle 

structure, contributing to a deeper understanding of bimetallic nanoparticle formation 

under non-equilibrium conditions. 

 

7.1.2  Gas sensing 

Chemiresistive gas sensors are among the most widely researched and utilized sensors 

due to their relatively simple design, cost-effectiveness, and high sensitivity. These 

sensors function based on the principle that the electrical resistance of a 

semiconducting material changes when gas molecules adsorb onto its surface. This 

change in resistance can be directly correlated with the concentration of the target gas. 

The capability to integrate these sensors with electronic devices has facilitated their 

widespread application in fields such as environmental monitoring, industrial safety, 

and healthcare [186,187]. 

The performance of chemiresistive gas sensors is significantly dependent on the 

properties of the sensing material. Metal oxides, particularly tin oxide (SnO₂), zinc 

oxide (ZnO), and tungsten oxide (WO₃), are the most extensively studied materials in 

this domain. Among these, SnO₂ stands out due to its inherent stability and high 

sensitivity to various reducing gases. Recent advancements in this field have focused 

on enhancing these materials by doping, nanostructuring, and forming hybrid 

composites to increase surface area and improve the gas-sensing interaction [188–

190]. 
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The fundamental mechanism of chemiresistive gas sensors revolves around the 

interaction between the gas molecules and the surface-adsorbed oxygen species on the 

semiconducting material. In case of n-type semiconductors like SnO₂ (Figure 7.5), 

oxygen molecules adsorb on the sensor's surface and capture electrons from the 

conduction band, forming negatively charged oxygen species (𝑂⁻, 𝑂₂⁻, or 𝑂₂²⁻). This 

adsorption process depletes electrons in the material, increasing its resistance. When a 

reducing gas, such as carbon monoxide (CO), is introduced, it reacts with the adsorbed 

oxygen ions, releasing electrons back into the conduction band, thereby lowering the 

resistance of the sensor. Conversely, the adsorption of oxidizing gases, such as 

nitrogen dioxide (NO₂), will further withdraw electrons, leading to an increase in 

resistance [188,191–193]. 

 

Figure 7.5. The figure shows the gas sensing mechanisms in (a) n-type and (b) p-type 
oxide semiconductors. In n-type, gas adsorption forms an electron depletion layer, 
increasing resistance. In p-type, a hole accumulation layer forms upon gas exposure, 
reducing resistance. These resistance changes are key to detecting gases. Taken from 
[194]. 

Despite their advantages, chemiresistive sensors face several challenges, including 

cross-sensitivity to multiple gases, high operating temperatures, and issues related to 

long-term stability. These challenges have encouraged ongoing research into the 

development of advanced materials and sensor architectures. The incorporation of 
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catalytic materials such as Pt and Pd has proven effective in enhancing the selectivity 

and lowering the operational temperatures of these sensors [195]. 

 

Figure 7.6. Schematic representation of noble metal-assisted gas sensing in SnO₂. In (a), 
H₂ molecules approach the noble metal catalyst on the SnO₂ surface, where they 
dissociate and form water (H₂O) with surface oxygen. In (b), the interaction leads to the 
release of electrons into the SnO₂, reducing the electron depletion layer and lowering the 
resistance of the sensor. This electron transfer from the metal catalyst to the SnO₂ 
surface enhances the sensor's response to H₂ gas. Taken from [195]. 

 

For instance, Pt doping in SnO₂ significantly enhances its gas sensing capabilities, 

particularly for hydrogen (H₂) detection, through a combination of different 

mechanisms. In the presence of Pt nanoparticles, hydrogen molecules first adsorb onto 

the Pt surface, where they dissociate into atomic hydrogen. This atomic hydrogen then 

migrates, or "spills over," onto the SnO₂ surface as illustrated in Figure 7.6a. Here, the 

hydrogen atoms interact with adsorbed oxygen species, leading to the release of 

electrons into the conduction band of SnO₂. This interaction reduces the electron 

depletion layer at the surface of SnO₂ (Figure 7.6b), thereby decreasing its electrical 

resistance [195,196]. 

The process is further enhanced by the formation of a Schottky barrier at the Pt-SnO₂ 

interface, which modulates electron flow between the Pt and the semiconductor. When 

hydrogen interacts with the Pt, the barrier height decreases, facilitating easier electron 

transfer, which amplifies the change in resistance. Additionally, Pt acts as a catalyst 

that lowers the activation energy for these reactions, enabling the sensor to operate 

effectively at lower temperatures, which is beneficial for practical applications 

requiring rapid response and high sensitivity [193,197]. 



 

 

149 

These combined effects make Pt-doped SnO₂ sensors highly effective for detecting 

hydrogen at low concentrations, with quick response times and improved selectivity. 

The integration of Pt into SnO₂ highlights the potential for noble metal doping to 

enhance the performance of metal oxide-based gas sensors, positioning these materials 

as critical components in industrial and environmental monitoring systems [193,198]. 

Furthermore, nanostructuring the sensing layers through soft assembly of atomic 

clusters into cluster-assembled films offers significant advantages in enhancing gas 

sensor performance, such as higher surface-to-volume ratio that is key for effective 

gas interaction and adsorption. 

Although significant advancements have been achieved by doping/decoration SnO₂ 

with noble metals such as platinum and palladium [199–202], which have markedly 

enhanced gas sensing capabilities, the potential of incorporation or embedding of noble 

metal in metal oxide nanoparticles has rarely been considered [203] and these 

structures in gas sensing remain relatively underexplored.  

In this study, preliminary results are presented on the gas-sensing behavior of SnO2-

Pt cluster-assembled films. These films were synthesized via co-deposition of Sn and 

Pt, as described in section 7.1.1. To investigate their sensing properties, the films were 

exposed to 1% H₂ in air under controlled conditions at different temperatures. Prior to 

gas exposure, the films were annealed in a flow of 100 sccm of air at 250°C for several 

hours to stabilize the current and ensure uniform surface conditions. 

During the sensing experiments, the films were subjected to alternating gas pulses: 120 

seconds of air, followed by 60 seconds of 1% H₂ in air, both at a flow rate of 100 sccm. 

The electrical response was monitored by measuring the change in current under a 

constant applied voltage of 0.5 V. This current variation, shown in Figure 7.7, reflects 

the dynamic interaction between the Sn-Pt films and the gases at different 

temperatures, highlighting the temperature-dependent gas-sensing behavior of the 

films, influenced by the synergistic effects of Pt catalysis and the porous nanostructure 
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Figure 7.7. Current response of Sn-Pt films (produced by two-cathode approach) to H2 at 
different temperatures (Rt, 100°C, 150°C, and 200°C), demonstrate clear temperature-
dependent behaviors. 

 

At RT and 100°C, the current increases steadily with each H₂ pulse. This rise is 

attributed to the interaction between H₂ and adsorbed oxygen species on the SnO₂ 

surface. Hydrogen reacts with adsorbed oxygen ions (e.g., O⁻ or O₂⁻), releasing 

trapped electrons back into the conduction band, which increases conductivity. Pt 

plays a catalytic role by facilitating the dissociation of H₂ into atomic hydrogen, 

further enhancing the reduction of surface oxygen. The porous structure of the film, 

combined with the catalytic activity of Pt, increases the effective surface area, 

improving the gas response sensitivity. 

At these lower temperatures, the re-adsorption of oxygen when the gas flow switches 

to air is relatively slow, resulting in minimal recovery of the current between pulses. 

The stepwise increase in current, particularly at 100°C, indicates that the desorption 

of oxygen and its replacement by H₂ is dominant, leading to a higher electron density 

in the conduction band. 
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At 150°C, the current response exhibits periodic increases during H₂ exposure and 

drops when the flow switches to air. This pattern reflects the faster kinetics of oxygen 

desorption and re-adsorption at elevated temperatures. The H₂ pulses cause the 

reduction of surface oxygen, temporarily increasing the conductivity, but once the flow 

switches to air, oxygen quickly re-adsorbs, re-establishing the surface depletion layer 

and reducing the electron density. This behaviour aligns with studies showing that at 

moderate temperatures, the balance between oxygen adsorption/desorption and gas 

interaction becomes more pronounced, with SnO₂ sensors showing a reversible 

response to H₂ and air cycles. At 200°C the sensing behavior deviates in comparison 

with the measurements at lower temperatures and further analysis are needed to better 

understand the hydrogen sensing mechanisms at different temperatures. 

The porous structure of the films plays a crucial role in enhancing the gas-sensing 

response. The porous architecture increases the sensor’s surface area, improving gas 

diffusion and interaction with surface-active sites, which is critical for both the 

reduction and re-adsorption of oxygen. Moreover, the addition of Pt enhances the 

dissociation of H₂ and modulates the surface chemistry by forming active catalytic 

sites, which improves the sensor’s sensitivity and selectivity to H₂ at different 

temperatures. 

As these are preliminary results, further refinements of experimental parameters, such 

as H₂ concentration, exposure times, and sensor fabrication conditions, are still 

necessary. Future work will focus on optimizing these parameters to enhance sensor 

performance, particularly in terms of sensitivity, response time, and selectivity to H₂ 

in complex gas environments as well as the mechanism behind the different responses. 

 

7.2 Non-linear memristive electrical transport 

Memristors, a term derived from "memory resistor," represent the fourth fundamental 

passive circuit element, joining resistors, capacitors, and inductors. Initially 

conceptualized by Leon Chua in 1971, memristors became a physical reality in 2008 

with the demonstration by HP Labs [204,205]. These devices have gained significant 

attention due to their unique properties, including non-volatility, low power 
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consumption, and the ability to mimic synaptic behavior, making them highly 

promising for next-generation computing architectures, especially in neuromorphic 

and memory applications. 

A memristor's fundamental operation is based on the relationship between the time 

integral of current and the time integral of voltage, linking charge and flux. This unique 

characteristic allows memristors to retain their resistance level even after the power is 

turned off, a feature that distinguishes them from traditional resistive devices. The 

resistance change is typically governed by ion migration, phase transitions, or charge 

trapping/de-trapping mechanisms, depending on the material system and device 

structure used [206]. 

The integration of cluster-assembled films into memristors presents several advantages 

due to their unique electrical properties which can vary with factors such as coverage, 

oxidation, and the intrinsic properties of the materials themselves. Moreover, the 

ability to precisely control the size and composition of clusters allows for the 

engineering of films with customized electronic properties, which is crucial for 

optimizing memristor performance. 

Recent research highlights the work of S. Brown’s group and P. Milani’s group, who 

have explored the resistive switching behavior in cluster-assembled thin films near and 

beyond the percolation threshold, respectively. Furthermore, switching behavior in 

oxidized cluster-assembled films seem to be unexplored. In this context, the switching 

behavior of WOx cluster-assembled films is also explored in this thesis. 

 

7.2.1 The case of films near percolation 

S. Brown's group [170–172,176] has demonstrated resistive switching in Sn nanoparticulate 

films, where 7 nm particles coalesce to form larger aggregates approximately 20 nm in 

diameter, fabricated using a magnetron sputtering cluster source. These films are carefully 

engineered to be near the electrical percolation threshold, the critical point where a fully 

connected network of nanoclusters begins to emerge (Figure 7.8). The observed resistive 

switching in these films is attributed to the stochastic formation and destruction of 
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nanojunctions, where these conductive filaments are formed between gaps of neighbouring 

clusters under an applied voltage. 

The application of voltage sweeps or pulses triggers several key mechanisms, including 

Electric Field Induced Evaporation (EFIE) and Electric Field Induced Surface Diffusion 

(EFISD) of surface atoms. These processes lead to the formation of atomic-scale wires within 

the tunnel gaps present in the percolating network. Additionally, van der Waals forces, which 

are independent of the applied electric field, can further drive the formation of atomic-scale 

connections between particles. As the gaps between non-connected particles decrease, the 

local electric field strength increases, which in turn promotes the formation of these atomic-

scale wires, thus increasing the conductance. 

However, the high electrical currents that flow through the newly formed nanojuctions, causes 

electromigration-induced breakdown and disconnection of these atomic-wires, resulting in a 

decreasing in conductance. This dynamic process creates conductive pathways of varying 

lengths, leading to the observed resistive switching behavior. Interestingly, this behavior has 

parallels with neuron firing patterns, as it exhibits long-range temporal correlations similar to 

those found in the brain's cortex, a phenomenon that has been further explored in studies 

involving Ag nanoparticle networks [207]. 

 

 

Figure 7.8. Schematic of an Ag nanoparticle (Ag-NP) network near percolation, 
illustrating the formation of conductive pathways between electrodes. Inset highlights 
nanogap switching, where electric field-induced atomic rearrangements bridge gaps 
between nanoparticles, enabling stochastic conductance changes within the network. 
Taken from [207]. 
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Here as described in Sections 6.2.2 and 6.5.3, high deposition rate was employed until 

reaching ~10 nm. I-V measurements were conducted at room temperature to 

investigate the electrical behavior of the Sn nanoparticle films. As shown in Figure 

6.16, the I-V curves exhibited non-linear characteristics and evidence of conductance 

switching after a consecutive IV pulse. Preliminary results in Figure 7.9 show the 

conductance (G) as a function of time under a series of voltage pulses (I-Vs from 1-10 

V), with stepwise increases in G representing stochastic switching events typical in 

atomic-switch networks (ASNs) [170,171]. These events are driven by electric-field-

induced atomic rearrangements within the nanoparticle network. The inset I-V curve 

illustrates that switching becomes more pronounced at higher voltages, where atomic-

scale conductive filaments are more likely to form, enhancing conductance. This 

behavior associates with EFISD and EFIE mechanisms. 

 

 

 

Figure 7.9. Conductance G vs. time under IV pulses (1-10 V), showing stochastic 
switching events in a self-assembled atomic-switch network. Stepwise conductance 
increases are due to electric field-induced atomic rearrangements forming conductive 
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filaments. Inset: I-V curve highlights more pronounced switching at higher voltages, 
consistent with EFISD and EFIE mechanisms. 

Our findings on the non-Ohmic behavior and quantum tunneling in the I-V 

characteristics of cluster-assembled tin films align with the study by Bose et al. [171] 

on stable self-assembled atomic-switch networks for neuromorphic applications. They 

investigated Sn nanoparticle networks with a controlled oxidized shell, observing non-

linear current-voltage characteristics suggestive of quantum tunneling. Their research 

also delved into the stochastic switching mechanisms associated with increases and 

decreases in device conductance in Sn NP networks highlighting that conductance 

modulation with electric field stimuli is essential for synaptic learning capability in 

neuromorphic systems. This expands our understanding of the complex electrical 

behavior of cluster-assembled films before the percolation threshold. Their research 

supports our observation of non-Ohmic behavior and quantum tunneling in the I-V 

characteristics of tin films. 

 

7.2.2 The case of films beyond percolation 

P. Milani's group [9,10,208–211] has observed resistive switching in Au cluster-

assembled films produced using a PMCS, with the films studied beyond the 

percolation threshold. One would expect that increasing the film's thickness beyond 

the percolation threshold would lead to a uniform, metal-like ohmic conductivity, 

resembling that of bulk materials. However, these films exhibit unusual electrical and 

structural properties due to the retention of individual cluster morphologies, which 

results in a high density of grain boundaries that significantly deviate from expected 

bulk properties. 

Figure 7.10 illustrates the complex resistive switching behavior in these films, initiated 

when an electric current passes through a film characterized by a non-uniform 

arrangement of grains and a high inter-grain boundary density (state 1). The localized 

Joule heating from the current flow increases the mobility of the grains. This mobility 

facilitates grain rearrangement and reorientation, effectively reducing local resistance 

through the sintering of grains and elimination of defects (state 2). 
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As the resistance decreases, the increase in current density further elevates the local 

temperature, leading to enhanced electromigration and eventual breakdown of 

electrical connections between grains. This results in a sharp rise in resistance (state 

3), followed by a decrease in current density. The decrease in current density allows 

the system to cool and stabilize, potentially leading back to state 1, where new 

electrical pathways can form. This dynamic reconfiguration is responsible for the 

complex resistive switching and spiking behavior observed in these films beyond the 

percolation threshold. The ability to precisely control this behavior with an externally 

applied voltage allows for tailored functionality in devices for unconventional 

computing, highlighting its potential in fields where adaptable and responsive 

properties are of interest. 

 

 

 

Figure 7.10. Schematic representation of atomic rearrangements at a single grain 
boundary under current flow, driving resistive switching events. Different colors 
indicate regions with distinct crystalline orientations. (1) Initial configuration. (2) Grain 
boundary configuration after current flow and Joule heating. (3) Breakdown of 
connectivity due to high current density, leading to a redistribution of current flow that 
promotes further atomic migration and reformation of electrical paths (returning to 1). 
Taken from [9].  

 

Here, I present preliminary evidence of the resistive switching behavior of Ni 

nanoparticle films (~5 nm) beyond the electrical percolation threshold. Building on 
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previous studies of Au cluster-assembled films, electrical characterization of the Ni 

films revealed a non-ohmic behavior, consistent with earlier findings. The Ni films 

exhibit a complex resistive switching mechanism that is significantly influenced by 

the applied voltage. 

As shown in Figure 7.10, the conductance G undergoes a stepwise change, with red 

dots marking the application of IV pulses of 1 V and 2 V. The conductance shows both 

increases and decreases following the pulses, indicating dynamic changes in the film’s 

conductance state. The decreases in conductance after certain pulses suggest the 

creation of resistive barriers due to grain boundary rearrangements or defect migration. 

Conversely, the increases in conductance after the pulses, can be attributed to the re-

establishment of conductive pathways through localized atomic reorganization. These 

distinct, reversible steps reflect a non-linear resistive switching behavior, as observed 

in previous studies on nanogranular Au films, where the applied electric field 

modulates the conductive network in response to the structural dynamics of the film. 

 

Figure 7.11. Time evolution of conductance (G) in Ni cluster-assembled films under 
periodic IV pulses of 1 V and 2 V, marked by red dots. The stepwise conductance changes 
indicate a resistive switching behavior, with both increases and decreases attributed to 
dynamic rearrangement of grain boundaries and defect migration. 
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These initial observations of resistive switching in Ni cluster-assembled films provide 

promising evidence of their potential for advanced electronic applications. However, 

further refinements in fabrication and a more comprehensive understanding of the 

switching mechanisms are necessary to fully exploit the unique properties of these 

films for practical device integration.  

 

7.2.3 The case of partially oxidized films 

Metal oxide (MOx) based resistance switching devices have emerged as a promising 

candidate for next-generation non-volatile memory (NVM) and neuromorphic 

computing applications, owing to their simple structure, scalability, low power 

consumption, and compatibility with CMOS technology. A key feature of these 

devices is their ability to exhibit both volatile and non-volatile resistance switching 

behaviors, which can be leveraged for different functionalities [206,212,213]. 

Non-volatile resistance switching in MOx is typically attributed to the formation and 

rupture of conductive filaments composed of oxygen vacancies or metal ions within 

the oxide layer. The application of an external electric field induces the migration of 

these defects, leading to a change in the device resistance that persists even after the 

removal of the field. This phenomenon has been extensively studied for resistive 

random-access memory (RRAM) applications, where the two resistance states 

represent the binary '0' and '1'. 

Volatile resistance switching, on the other hand, is characterized by a reversible change 

in resistance that occurs only in the presence of an applied electric field. This behavior 

is often associated with the trapping and de-trapping of charge carriers at defect sites 

or interfaces within the MOx layer. While volatile switching has traditionally been 

considered a drawback for NVM applications, it has recently gained attention for its 

potential in neuromorphic computing, where it can emulate the synaptic plasticity of 

biological neurons. 

The ability to control and tune the volatile and non-volatile switching characteristics 

of MOx devices through material engineering, device design, and operating conditions 
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opens up exciting possibilities for future applications. For instance, multi-level 

resistance states can be achieved by carefully controlling the filament formation and 

rupture processes, enabling high-density data storage. Furthermore, the volatile 

switching behavior can be exploited to implement various synaptic functions, such as 

short-term and long-term potentiation/depression, paving the way for hardware-based 

neural networks. 

Despite the significant progress made in understanding and controlling resistance 

switching in MOx, several challenges remain to be addressed before their widespread 

adoption. These include improving the device reliability and endurance, reducing the 

switching variability, and understanding the underlying physical mechanisms at the 

nanoscale. Additionally, further research is needed to explore novel MOx materials 

and device architectures that can offer enhanced performance and functionality. 

Among various MOx materials, WOx has gained significant attention due to its unique 

properties that make it well-suited for resistance switching applications. Its rich defect 

chemistry, including oxygen vacancies and tungsten ions, facilitates the formation and 

rupture of conductive filaments, enabling both volatile and non-volatile switching 

behaviors [214–216]. Furthermore, WOx exhibits excellent stability, making it a 

practical choice for device integration. 

The resistive switching behavior of cluster-assembled WO3-x thin films was 

investigated through a series of I-V measurements. These films were oxidized in air, 

resulting in a mixed-phase composition as confirmed by XPS (section 5.4.4).  

Figure 7.12 (a) shows the current response of the WOx film under consecutive I-V 

pulses from 0 to -20 V. With each pulse, the current incrementally increases in the 

negative direction, suggesting a cumulative increase in conductance with each applied 

pulse. When pulsing stops, the current gradually decays, returning to its original 

baseline. This decay implies that the conductance state is temporary and dependent on 

continuous stimulation, suggesting volatile behavior. The smooth, cumulative increase 

in current with each pulse points to an analog-type response, where conductance 

modulation is gradual and continuous. 
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Figure 7.12 (b) shows the I-V response over six consecutive cycles from 0 to -20 V 

and back to 0 V. Each cycle produces a higher current, reflecting a progressive increase 

in conductance across cycles. The cumulative conductance enhancement, without 

abrupt transitions, supports an analog switching mechanism. Based on the volatile 

characteristics observed in Figure 7.12 (a), it is inferred that this progressive increase 

in conductance would also decay if cycling were to stop, indicating a combination of 

analog and volatile characteristics. 

 

 

Figure 7.12. (a) Current response of cluster-assembled WOx films under consecutive I-V 
pulses from 0 to -20 V. Each pulse results in a cumulative increase in conductance, with 
conductance gradually decaying back to the baseline level when pulsing stops, indicating 
analog and volatile switching behavior. (b) I-V response of cluster-assembled WOx films 
under six consecutive cycles from 0 to -20 V and back to 0 V. Each cycle leads to a 
progressive increase in conductance, supporting analog switching. The volatile nature of 
conductance is inferred from the gradual decay observed in (a). 

 

The analog and volatile switching behaviour observed in the WOx films is facilitated 

by their cluster-assembled structure and mixed-phase composition. The porous 

morphology and the presence of multiple tungsten oxidation states create pathways 

that enhance oxygen vacancy mobility and redistribution within the film. 

Under the applied negative bias, oxygen vacancies migrate toward the electrode 

interface, modulating the Schottky barrier and resulting in a gradual, cumulative 
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increase in conductance. This analog switching arises from the smooth and incremental 

conductance changes with each pulse or cycle, rather than sharp transitions. 

When the voltage is removed, the vacancies diffuse back into the bulk, leading to a 

volatile response where the conductance returns to its baseline level. This temporary 

conductance enhancement resembles short-term memory effects, indicative of a non-

permanent switching state. 

This behavior aligns with findings by Hu et al. [214] and Yang et al.  [215,216], where 

similar WOx-based devices exhibited analog and volatile switching through oxygen 

vacancy dynamics. The reversible, vacancy-based modulation in these WOx films 

allows for temporary, multi-level conductance states that emulate synaptic plasticity, 

making them suitable for neuromorphic applications. 

Although evidence of non-volatile resistive switching was observed in thicker samples 

studied in this thesis, still further analyses are needed to clearly distinguish the 

mechanisms involved and confirm the stability and endurance of these states under 

extended cycling conditions. 
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CHAPTER 8. CONCLUSIONS 

Through this PhD work, the Supersonic Cluster Beam Deposition (SCBD) technique 

was introduced and established at the Luxembourg Institute of Science and 

Technology (LIST), where during the first year I participated in assembling the 

vacuum system, designing the substrate holder, installing the setup for in-situ electrical 

and thickness measurements, and designing deposition protocols within the graphical 

user interface (GUI). These contributions led to the building of an advanced 

experimental platform that allowed precise control over deposition parameters and 

real-time monitoring of film growth, enabling in situ investigation of electrical 

transport properties of cluster-assembled thin films during growth. 

Building upon this groundwork, the general objective of this thesis was to investigate 

the correlation between morphological and electrical transport properties in cluster-

assembled thin films of Sn, Pt, Ni, and W deposited using the new SCBD prototype. 

Such metals were selected in order to have low melting point ones and high melting 

point ones, as well as some more prone to oxidation and some less. By studying the 

structural evolution and electrical behaviour from the sub-monolayer to the thin film 

regime, I aimed to deepen the understanding of thin film growth mechanisms and 

establish how morphological features impact electrical transport properties. 

My study confirms that the sub-monolayer growth of Pt, Ni, and W thin films adheres 

to the Deposition Diffusion Aggregation (DDA) model. This model describes how 

particles undergoing random motion (diffusion) stick irreversibly upon contact, 

leading to the formation of aggregates. Such aggregates evolve towards interconnected 

dendritic structures as surface coverage increases. This morphological progression is 

quantitatively characterized by an increase in the fractal dimension (Df), indicating 

that the film's morphology becomes more complex and interconnected as growth 

proceeds.  

Dendritic structures form percolation paths when surface coverage exceeds 59% the 

value foreseen by standard percolation theory. In Pt and W films, the onset of 

conductance occurs at nominal thickness values of about 1.5 nm and 0.9 nm, 
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respectively. The fractal dimensions calculated at similar thicknesses from TEM 

images are 1.87 for Pt and 1.9 for W—values indicative of percolation in fractal 

systems—and correspond to surface coverages of 63% for Pt and 71% for W. This 

suggests that the percolation process in these materials can be effectively modelled 

using the continuum percolation framework, which occurs at around 68% coverage. 

In contrast, Sn films exhibit markedly different behaviour due to their lower melting 

point, which influences both morphology and electrical transport. Instead of following 

the DDA model, Sn nanoparticles demonstrate liquid-like interactions at early 

deposition stages, leading to coalescence into larger, ovoidal islands rather than 

forming dendritic-like structures. Coalescence affects the percolation threshold, 

occurring at larger thicknesses around 24 nm, under low deposition rates conditions. 

By manipulating the deposition rate—a parameter easily controlled via the cluster 

source repetition rate—I observed a significant change in Sn film morphology. Higher 

deposition rates influence the coalescence dynamics, preventing complete merging of 

particles and shifting the percolation threshold to a value as low as 3 nm. This change 

in morphology directly impacts electrical transport properties, as evidenced by 

substantial variations in conductance, and demonstrates how deposition parameters 

can be used to tailor the correlation between structure and electrical behaviour in low 

melting point materials. 

During the three-dimensional (3D) growth regime, Pt, Ni, and W cluster-assembled 

films exhibit a power-law relationship between surface roughness and thickness, with 

exponent values between 0.31−0.46, indicative of ballistic growth mechanism. In 

ballistic growth, particles travel in straight paths before adhering to the surface, leading 

to highly porous structures. This morphological characteristic is closely linked to 

electrical transport properties. The films display resistivity values approximately 2–3 

orders of magnitude higher than their bulk counterparts, attributed to the granular 

nature of the films and electron scattering at grain boundaries and interfaces. I also 

observed that in the 3D conduction regime, resistivity varies non-linearly with 

thickness, following a power law with exponent values between 0.76−0.96. This 

behavior is consistent with observations in other cluster-assembled metal films 

produced by SCBD and is attributed to the gradual decrease in interconnections within 
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the uppermost layers of the film during growth, as dictated by ballistic growth 

dynamics. 

Additionally, in the sub-percolation regime, the cluster-assembled metallic films 

exhibit nonlinear current-voltage (I-V) characteristics, indicating that quantum 

tunnelling is the primary charge transport mechanism across nanoscale gaps between 

islands. This behavior is consistent across all the studied materials, highlighting a 

common conduction mechanism in this regime. However, Fowler-Nordheim 

tunnelling currents were observed only in Sn films with voltage transition values 

between 1.6−2.5 V, suggesting that microstructural differences resulting from 

coalescence affect the tunnelling behavior. In contrast, high melting point films exhibit 

stable direct tunnelling without transitioning to Fowler-Nordheim tunnelling across a 

wide voltage range of 50 V, likely due to the presence of numerous tunnelling paths. 

The oxidation behavior of Ni and Sn films further distinguishes their structural 

evolution. In Ni films, X-ray Photoelectron Spectroscopy (XPS) and Transmission 

Electron Microscopy (TEM) analysis reveal the formation of core-shell structures 

where metallic Ni cores are encapsulated by NiO/Ni(OH)₂ shells. The preservation of 

cubic crystalline symmetry in both core and shell suggests that the ordered metallic 

phase exists prior to deposition, and the oxide shell forms with the same symmetry 

upon room-temperature air exposure. Notably, the observation of both core-shell and 

fully hollow Ni nanoparticles indicates the occurrence of the Kirkendall effect, where 

different diffusion rates between Ni cations and oxygen anions lead to void formation 

within particles. This phenomenon affects the microstructure and, consequently, the 

electrical transport properties by introducing voids and modifying pathways for 

conduction. These findings imply that particle size alone is insufficient to predict 

oxidation outcomes at room temperature; instead, inter-particle structural differences, 

such as grain boundary density and internal defects, play crucial roles. 

In contrast, Sn films oxidize to form core-shell structures with an oxidation gradient 

transitioning from metallic Sn to SnO, Sn₃O₄, and finally SnO₂. Raman spectroscopy 

provides unequivocal evidence of the spontaneous formation of Sn₃O₄ at room 

temperature, aligning with theoretical predictions that this intermediate phase is 

energetically favored during the oxidation of Sn nanostructures. The incomplete 
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oxidation due to the larger size of Sn islands results in residual metallic cores that 

maintain electrical conductivity, but the oxide shell and the morphology of the islands 

influence the overall transport properties of the film. 

Building on our findings with single-metal systems, I also explored the production of 

bimetallic nanoparticles of Sn and Pt using a composite cathode and a two-cathode 

configuration. The rational being to obtain, upon exposure to air, a combination of the 

standard oxide used for chemoresistive gas sensing (SnO2) with a catalytic metal (Pt), 

which should promote heterogeneous catalysis surface reactions and enhance gas 

sensing properties. Preliminary analyses using Scanning Transmission Electron 

Microscopy (STEM) coupled with Energy-Dispersive X-ray Spectroscopy (EDS) 

provided insights into the different characteristics of bimetallic nanoparticles 

generated with the different cathode configurations. The ability to tailor structural and 

compositional properties in bimetallic systems can open new avenues for material 

design, offering synergistic effects that could enhance catalytic activity and sensing 

performance. 

Preliminary studies of Pt-SnOx films for gas sensing applications in respect to 

hydrogen detection have shown interesting results. I in fact observed that device 

temperature qualitatively affects the impact of hydrogen on film conductivity, which 

increases at low temperature, while decreases at high temperature. Further 

investigations are needed to better understand the hydrogen sensing mechanisms. 

Future work should focus on systematic studies of Pt-SnOx films under varying 

temperatures, exploring how bimetallic composition and nanoparticle configuration 

affect sensing behaviour, response times, and sensitivity. 

Additionally, preliminary results revealed non-linear electrical conduction and 

conductance switching upon the application of external voltage across all studied 

materials. According to the scientific literature, I propose that also in the case of 

cluster-assembled films by SCBD, (1) in Sn films near the percolation threshold 

conductance switching is driven by the formation and disruption of atomic-scale wires, 

(2) in Ni and Pt films beyond the percolation threshold, switching occurs due to atomic 

rearrangements at single grain boundaries, and (3) in WOₓ films, volatile switching is 

facilitated by oxygen vacancy migration. On one hand, these diverse switching 
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mechanisms occurring in cluster-assembled films by SCBD require additional 

investigation. On the other hand, they highlight the versatility of the method and its 

potential for tailored applications for unconventional computing. 

The successful implementation of SCBD at LIST has proven highly effective in 

producing nanogranular films composed of diverse ensembles of particles from 

different materials. The results obtained during this PhD demonstrate that by 

understanding the relationship between film morphology and electrical transport, we 

can deliberately engineer thin films with tailored electrical characteristics. Fine-tuning 

deposition conditions thus enables the production of films optimized for specific 

applications in electronics, energy storage, sensing, and catalysis. 
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